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Abstract
Defect-scarce nanowires exhibit unique and often superior material properties compared to their bulk
counterparts. They can reach their theoretical strength limit by requiring nucleation of dislocation for the
onset of plasticity. Surface is suggested as the most important feature that controls the activation of
fresh dislocation in these material class. Despite the rich understanding for the activities of pre-existing
dislocations, a comprehensive physical description of the nucleation-controlled dislocation-mediated
plasticity has not been fully addressed. Therefore, experimentally elucidating the strength and ratelimiting deformation mechanisms of defect-scarce materials is demanding to utilize their superior
properties.
In this dissertation, novel experimental methods were applied to understanding the mechanisms of
plasticity of defect-scarce FCC nanowires. The methods include quantitative in situ tensile test of
individual defect-scarce nanowire in combination with cryostat, scanning electron microscopes (SEM),
transmission electron microscopes (TEM), and synchrotron x-ray diffraction imaging techniques. The first
realization of in situ Bragg coherent diffraction (BCD) tensile test directly reveals full trajectory of tensile
response of defect-scarce FCC nanowires with atomic lattice level resolution. Nucleation of partial
dislocations is governing mechanism, which facilitates plastic flow if proper boundary conditions are met.
Introducing multiple planar boundaries lead to higher yield strengths by hindering the glide motion of
nucleated partials, whereas consideration of importance of surface diffusional activities leads to a novel
approach for control of nucleation strength. The surface of the defect free Au nanowires was modified by
atomic layer deposition in order to control the surface diffusional activities. The presence of coating
increases both the activation energy and activation volume, which are displayed as increase in the yield
strength and decreases in the scatter of strength distribution. The experimental findings suggest new
avenue for nanostructure modification strategies.
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ABSTRACT

EXPERIMENTAL INVESTIGATION OF DISLOCATION NULCEATION AND
DEFORMATION BEHAVIOR IN DEFECT-SCARCE NANOWIRES
Jungho Shin
Daniel S. Gianola

Defect-scarce nanowires exhibit unique and often superior mechanical properties
compared to their bulk counterparts. These materials can reach their theoretical strength
limit since the nucleation of dislocations is required for the onset of plasticity. Theoretical
predictions suggest that the surface is the most important feature in controlling the
nucleation of dislocations and ensuing plastic response in these materials. Despite the rich
understanding of dislocation plasticity governed by glide, a comprehensive physical
description of the nucleation-controlled dislocation-mediated plastic regime is still nascent.
Experimentally elucidating the strength and rate-limiting mechanisms operative in defectscarce materials is a necessary ingredient in the successful design of advanced applications
employing nanoscale building blocks, and profiting from their superior mechanical
properties.
In this dissertation, novel experimental methods are applied to understand the
mechanisms of plasticity operative in defect-scarce FCC nanowires. These methods
vi

include quantitative in situ tensile tests of individual defect-scarce nanowires performed in
scanning electron microscopes (SEM), transmission electron microscopes (TEM),
synchrotron X-ray beamlines, and in a cryogenic environment. The first realization of in
situ Bragg coherent diffraction (BCD) tensile tests directly reveals the full trajectory of
lattice strains during incipient plastic deformation under tensile loading of defect-scarce
FCC nanowires. Nucleation of partial dislocations is revealed as the governing mechanism,
which facilitates plastic flow. Whereas introducing multiple planar boundaries leads to
higher yield strengths by hindering the glide motion of nucleated partials, results from this
work highlight the potency of controlling surface diffusion as a novel approach for to tailor
the dislocation nucleation stresses. To this end, surfaces of defect-free Au nanowires were
modified via atomic layer deposition to control the energetics and kinetics of surface
diffusional activity. The presence of coatings increases both the activation energy and
activation volume, which manifest as an increase in the yield strengths and a corresponding
decrease in the scatter of the strength distribution. These collective experimental findings
suggest new avenues for nanostructure modification strategies to endow these materials
with unprecedented structural integrity.
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1 Introduction

The theoretical strength of a crystal, defined as the stress required to mechanically
break atomic bonds in a collective fashion, is the upper limit of stress level accessible in a
given material system. Attempting to fully utilize this superior strength has been a grand
challenge in the structural materials research community. Numerous efforts have sought
materials which can endure stresses at a significant fraction of their theoretical strength for
extended periods of time, as well as to develop an understanding of their fundamental
deformation mechanisms. However, most engineering materials fail at orders of magnitude
below their theoretical strength due to imperfections in their matrix called defects. In most
crystalline materials, the failure is mediated by the motion of pre-existing linear defects
known as dislocations. Therefore, to obtain high performance structural materials, three
mutual aspects need to be overcome: (i) physically attaining the theoretical strength regime
by controlling the defects, (ii) understanding the key mechanisms determining strength,
and (iii) evaluating the tunability of the mechanical response.
Defect-scarce metal nanowires synthesized by bottom-up processes in near
equilibrium conditions have been shown to reach their theoretical strength [1,2]. Contrary
to their bulk counterparts, the defect-scarce nanowires have no dislocations inside the
matrix; thus, the strength is determined by the nucleation of fresh dislocations from the
surface, which requires considerable levels of stress. Unlike the rich understanding that
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exists on the characteristics of dislocations that pre-exist in materials, nucleation
mechanisms have not been fully understood due to limited observations of the phenomena,
as the strength of the other crystalline samples is primarily governed by the glide of existing
dislocations. Fortunately, defect-scarce nanowires are a quasi 1-D structure, making them
ideal specimens to apply simple tensile stress states to obtain insights on the rate-limiting
step for dislocation nucleation. The majority of the related studies on defect nucleation
have been conducted with atomistic simulations. The prevailing theoretical view of
dislocation nucleation is that the process is largely deterministic. However, recent
experimental results suggest that surface dislocation nucleation at finite temperature is
strongly probabilistic. Thus, in order to explain this discrepancy between experiments and
models and further the understanding of mechanical deformation in defect-scarce
materials, quantitative in situ experiments are necessary for providing physical insights
into their behavior. As Fig. 1-1 graphically summarizes, the motivation for current thesis
work is underpinned by following questions: (1) How do defect-scarce materials
accommodate deformation? (2) How can we experimentally elucidate the strength and ratelimiting deformation mechanisms of these materials via quantitative in situ mechanical
testing?

2

Figure 1-1 Schematic drawing of material strength as a function of dislocation density. The right
side of the graph represents the deterministic bulk-like behavior where the strength follows forest
hardening mechanism which never reaches the theoretical strength regime. As the dislocation
density decreases, a material strengthens by exhaustion of glide sources or required nucleation of
new dislocation. In this regime, the strength can reach theoretical values; however, it exhibits
significant scatter due to the strong influence of distribution of pre-existing defect. At the point
where no dislocation exists, the scatter collapses and only the thermal fluctuation remains for the
scatter source.

1.1 Mechanical Strength in Small Crystals
Size effects on the mechanical behavior of materials with reduced characteristic
dimensions have been the subject of numerous studies as many fields within the industrial
sector employ nano-scaled compartments within their core technology. From a structural
materials perspective, the general strategy to strengthen conventional metallic materials
3

have mainly focused on introducing obstacles to dislocation motion via microstructure
engineering [3–5]. On the other hand, nanomechanical tests have revealed that materials
can effectively be strengthened by reducing the characteristic crystal size to the nanoscale
to deviate from classical strain hardening mechanisms.
Strengthening by reducing the dimensions of materials was first acknowledged in
metallic whiskers grown by Brenner [1] and rekindled in evaluating thin film geometries,
where the flow stress was found to increase as the thickness with decreasing film thickness
[6–8]. The strengths seem to initially follow Hall-Petch behavior in the thickness range
above ~200 nm, but the dependency becomes weaker below 100 nm. Strain hardening
mechanisms applicable to bulk materials are not applicable to thin films as in situ
transmission electron microscope (TEM) observations on Al and Cu thin films have shown
reductions in dislocation activities with decreasing film thickness [9–11]. Thus, this
observation illustrates that the critical mechanism for the hardening of thin films may be
associated with dislocation nucleation rather than dislocation motion and interaction
[12,13]. However, explaining the high flow stress of polycrystalline thin films only by
nucleation mechanism can be challenging due to the additional complexity by the grain
size distribution. Besides, studies on nanocrystalline face-centered cubic (FCC) metals
have proposed that dislocations can be nucleated and be absorbed at grain boundaries [14–
18]. Single-crystalline (100) Au thin films deposited on a flexible substrate were tensile
tested separately in Laue microdiffraction beamline [19] and in TEM [20], which reported
a clear thickness dependence with increased density of stacking faults and twins for
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thickness up to 160 nm. The study revealed that <80 nm-thick films predominantly
deformed by partial dislocation on {111} planes, whereas the thicker films (>80 nm)
deformed by full dislocations.
Uchic et al. paved a way to a whole new avenue of investigating strength in small
crystals utilizing a focused ion beam (FIB) and a retrofitted nanoindentor. Small metal
crystals in the form of micro-pillars [21] or hanging dumbbell-shapes [22] are prepared by
FIB cutting from large crystals and subsequently compressed with flat punch or pulled in
tension with form-locking grippers. The method allows site-specific examination, where
the crystal orientation for the sample is often inspected with electron backscattered
diffraction (EBSD) analysis prior to the FIB process. These uniaxial tests of small single
crystals display staircase-like stress-strain response, with slip bands forming on the sample
surface indicating discretized dislocation-mediated deformation. Despite the large scatter
in the strength data, the yield stress tends to increase as the sample size is decreased; this
“smaller is stronger” trend is observed over a large range of length scales, sub-micrometers
to tens of micrometers [21–26]. One explanation for the size-dependent strength is a
dislocation starvation/exhaustion regime in which the hardening occurs because the rate of
dislocations escaping to the free surface is more rapid than that of generation during
deformation [27–29]. Other models explain the strengthening with truncation of spiral
dislocation source, which is directly influenced by the sample size, as supported by TEM
observations and dislocation dynamics simulations [30–32]. Regardless of the detailed
mechanism, both models agree that the nucleation of dislocation requires high flow stress,
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yet the yield strength remains well below theoretical strength. FIB-cut pillars undergo ioninduced damage on the surface, which often result in having higher defect density than
their bulk counterparts [33]. In fact, the damage can be significant as measurable lattice
distortion from BCDI reconstruction was observed in Au particle introduced with low Ga+
dose during FIB-imaging (4.2x104/ µm2) [34]. One should note that a typical ion
bombardment dosage during milling process can vary from 104 to 106/ µm2 depending on
exposure time. Therefore, despite the usefulness on investigating size dependent
deformation behavior of small crystals, FIB involved nanomechanical tests may suffer
from difficulty to interpret intrinsic dislocation nucleation mechanism.
Contrary to a strong size dependent strength for FIB-cut pillars, Bei et al. reported
a weak size dependent strength in defect-free Mo pillars, implying that the defect density
is a more decisive feature than the size of the pillar to describe strength in small crystals.
These defect-free Mo pillars with diameters ranging from 360 nm to 1000 nm were
fabricated by directional solidification of NiAl-Mo eutectic system followed by selective
etching thus free of ion beam damage [35]. The compression on Mo pillars showed strength
values of ~G/26, therefore residing in the theoretical strength regime, and the yield stress
did not show significant size dependence. The load-displacement curve showed singular
and large displacement bursts following deterministic yielding and without plastic
hardening, which is clearly different from the stair-case shaped flow stress in FIB-cut
pillars. However, the yield stress dropped from 9.3 GPa to 1.61 GPa in 4% pre-strained
pillars and gained ductility [36]. Pre-straining step (4~11%) was inserted between the
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solidification and the etching step. Thus, the as-fabricated pillars contained dislocations,
thereby proved the significant influence of pre-existing defect to strength behavior in small
crystals. Moreover, the scatter of strength increased as the pillar size decreases and the prestrain level decreases. A straightforward comparison was made by introducing FIB milling
on to Mo pillars, where these surface damaged pillars showed similar deformation behavior
as pre-strained pillars [37]. As a whole, compression on Mo pillars manifest a weak size
dependence in nucleation strength and a significance of interplay between defect density
and the sample size which can explain the stochastic deformation behavior in small
crystals.
Nanowires, which are quasi-1D crystals usually synthesized via a bottom-up
process, often reach their theoretical strength. Early studies of single crystal metallic
whiskers synthesized by halide reduction with diameters of one micrometer or larger show
high yield strengths over ten times that of the corresponding bulk materials [1]. Uniaxial
tensile test of individual defect-scarce nanowires has been realized by various synthesis
processes and development of in situ mechanical testing set-ups. Among them tensile tests
on PVD grown high purity defect-free metal nanowires have been characterized to exhibit
strength near their theoretical limit [2,38,39]. These nanowires evidently require the
nucleation of dislocations to undergo plastic deformation. Normalized shear strength
versus size of a specimen is summarized in Fig.1-2, in which clear difference can be
observed between nanowires and FIB-cut pillars. Nanowires show weak size- and strain
rate-dependent strength within the laboratory experimental conditions (50 to 200 nm in
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diameter and 10-3 to 10-5 strain rate) unlike the FIB-cut pillars. Nonetheless, majority of
strength data is measured in ambient temperature. However, dislocation nucleation is a
thermally activated process, meaning that the strength is highly temperature dependent
[38,40–43]. As a consequence, material strength distributions measured at finite
temperatures manifest pronounced scatter due to the probabilistic nature of overcoming the
nucleation barrier [38]. In this case, thermal fluctuation introduces scatter in strength values
which is inherently different from that of originates from the distribution of pre-existing
defects. Through the course of kinetic process, dislocation can be nucleated by the aid of
thermal fluctuation. Temperature-controlled tensile tests of Pd nanowires showed that the
scatter band of nucleation stress collapses in both the athermal (0 K) and high temperature
limits [38]. The activation parameters were deduced from the full strength distribution
which strongly suggests that the surface diffusional activities are the rate-limiting step for
the dislocation nucleation. Indeed, recent TEM observations [44–46] reports that surface
diffusion is nonnegligible factor to describe deformation behavior of nanowires. Hence,
investigating methods to control surface diffusion in nanomaterials may be a pathway for
tailoring and predicting strength at the upper limit.
Studies exist showing evidence of atomic scale deformation in extremely narrow
Au nanowires [47,48]. However, these nanowires do not show evidence of dislocation
mediated plasticity, but instead they form into linear chains of Au atoms during tensile
deformation and display large and stable Au-Au interatomic distances before fracture.
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Figure 1-2 Normalized strength of FIB-cut pillars (FPs) and nanowires (NWs) versus specimen
size (diameter). NWs display weaker size dependent strength compared to the FPs. The plot
includes Non-FIB-cut pillars (Non-FPs) fabricated by directional solidification and selective
etching process demonstrating the strong influence of defect density to strength determination.

1.2 Quantitative in situ Nanomechanical Tests
Major components of novel technological devices continue to miniaturize into
nanometer scale. In parallel, numerous observations have shown that nano-scale
characteristic length often leads to different material properties compared to their bulk
counterparts by interacting with defects. As a consequence, the demand for probing
structural aspects of small crystal in sub-µm dimension developed various dedicated
methods to quantitatively explore nanomechanical behaviors. This includes development
of high fidelity microactuators and sensors along with techniques to precisely manipulate
9

specimens. On top of these, combining in situ imaging capability during the deformation
has provided direct observation to give insights on slip band and twin formation,
dislocation motion and interaction, and crack nucleation and propagation during the
deformation. Quantitative stress-strain information during homogeneous loading and realtime observation can provide insights about the mechanism responsible for deformation at
nanometer length scale. A clear advantage of in situ testing is ability to correlate
deformation events while measuring material properties. Conventional optical microscopes
are inadequate for this purpose as the specimen size are comparable to the wavelength of
the imaging source, thus the resolution is diffraction-limited. Therefore, using electron
beam as well as various diffraction techniques are used for simultaneously imaging and
testing.
Scanning electron microscope (SEM) offers versatile chamber dimension (~ 0.1 m)
which allows to implement various in situ mechanical testing set-ups which can
additionally be meshed with temperature- or gas- controlled system. SEM images have
relatively large field of view and depth of field. SE images provide nanometer spatial
resolution where the signal mostly comes from the surface of a specimen (Fig. 1-3). With
the aid of stage tilt option, SE images allows to observe geometry of specimen change
during deformation, which can be originating from dislocation slip, shear band formation,
twinning, phase transformation, and crack formation. Testing specimen is not required to
be electron transparent, thus sample preparation is relatively facile. Therefore, shear
amount of in situ mechanical tests have been performed in SEM. Kiener et al. tensile tested
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FIB-cut Cu which demonstrated distinct slip traces forming during the deformation [49].
Jang et al. reported brittle to ductile failure when size of FIB-cut metallic glass pillars are
reduced to 100 nm, which is characterized by necking behavior during in situ tensile
deformation of the pillars [50]. Seo et al. showed live view of superplastic deformation
during tensile test of Au and Pd nanowires which were grown with thermal evaporation
[51,52]. In situ bending test of microcantilevers showed how cracks evolve in a single
crystal [53]. Sedlmayr et al. showed two different modes of plastic deformation in Au
nanowires by correlating the shape of stress-strain curves and the corresponding plastic
deformation morphology during tension [39]. However, while SEM in situ test presents
clear advantage in versatility virtually unlimited choice of samples, normal SE images are
insufficient to directly reveal deformation mechanisms; thereby most of the results are
supported by postmortem analysis by EBSD or TEM micrographs as well as theory-based
simulation. Nevertheless, SEM in situ test holds unique area by allowing to obtain full field
strain analysis with resolution of nm displacements with the aid of digital image correlation
(DIC). Frame rate ranges typically from 2 Hz to 0.1 Hz which depends on choice of
optimization of image quality and strain rate, but may improve to capture better dynamics
by implementing direct electron detectors. In situ EBSD micro cantilever bending test
allows to monitor crystallographic orientation and strain gradient evolution during the
complex deformation despite their long scan time (over 1 minutes) [54]. One should note
applying dictionary indexing method [55] after the test may mitigate this issue and be able
to collect accurate strain and orientation data during the deformation. Recently,
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transmission signals including transmission EBSD [56] and diffraction contrast imaging
[57] in SEM has been highlighted for their potential candidate for novel in situ mechanical
tests due to their ability to characterize individual dislocation.

Figure 1-3 (a) Schematics of interaction volume in SEM. Interaction volume of materials with (b)
high and (c) low atomic number.

TEM is an effective characterization tool with atomic level resolution power, which
makes it as an optimal imaging tool to observe defect motion during mechanical tests. It
requires electron transparent samples and provides 2D projection information along with
diffraction data. Basic ray diagram of TEM is presented in Fig. 1-4. The main obstacle to
implement quantitative in situ mechanical testing set-up in TEM is its small chamber
dimension (~ 1 cm); however, microelectromechanical system (MEMS) based chips and
miniaturized transducer units were developed to perform various mechanical tests while
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recording TEM digital images to provide insights on defect motion. Shan et al. performed
in situ compression test on FIB-cut Ni pillars to directly observe dislocation escaping the
piilar to result in high flow stress after the mechanical annealing effect [28]. Chisholm et
al. demonstrated defect density dependent mechanical response of Mo nanofibers by
directly observing the defect evolution in tensile deformation [58]. Kiener and Minor
performed in situ tensile test of FIB-cut electron transparent Cu specimen, and revealed
both dislocation starvation and source truncation is responsible for hardening in small
crystal [30]. In situ tensile test of PVD grown defect-scarce Pd nanowire showed
macroscopically brittle-like failure while dislocation-mediated plasticity occurred locally
at the fracture tip ends [38]. Bernal et al. observed intrinsic Bauschinger effect during
cyclic loading of pentatwinned Ag nanowire using MEMS device [59]. Stress-driven grain
boundary migration in nanocrystalline Al thin film was demonstrated by In situ
nanoindentation in TEM [60]. Although not fully quantitative, recent in situ straining of
Ag crystals showed direct evidence of surface diffusion to be the important feature that can
govern plasticity in nanosized crystals [45,61]. As a whole, in situ TEM mechanical test
provides direct observation of defect activities; however, some drawbacks lie on delicate
sample preparation and small field of view which eventually obstructs of being a highthroughput method.
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Figure 1-4 TEM ray diagrams of (a) diffraction mode, (b) imaging mode, (c) bright field imaging,
and (d) dark field imaging.
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Characterizing elastic and plastic deformation of a crystal by X-ray diffraction is
perhaps an ideal way since it depicts 3D structural deviation form perfect crystal. While
the data acquisition time is longer than other tools, the strain accuracy is considerably high.
However, in contrast to mature environment for in situ mechanical tests on bulk crystal,
there are limited techniques when it comes down to investigate isolated small crystals under
submicron range. The main challenges have been the beam size and sufficient flux to solely
interact with nano-specimen and obtain enough signals. Nonetheless, progress in focusing
optics and brilliance at 3rd generation synchrotron sources allowed to perform in situ tests
in small crystals. Both polychromatic or monochromatic beam can be used to characterize
deformation in small crystals. The former is represented by Laue microdiffraction that
illuminates multiple diffraction peaks at once for facile determination of crystal orientation
which deduces deviatoric strain. The shape of the individual peak contains information on
elastic strain and dislocation storage. Kirchlechner et al. performed in situ Laue
microdiffraction to reveal each activated slip systems in different part of the sample in
tensile deformation of FIB-cut Cu pillar [62,63]. In situ 3-point bending was performed on
Au nanowire and simultaneously recording Laue pattern, which characterized elastic
bending and torsion by monitoring three different diffraction spots [64]. For
monochromatic beam, Bragg coherent diffraction imaging (BCDI) is a powerful technique.
With the aid of phase retrieval algorithm, pm displacement resolution can be deduced from
3D Bragg peaks with reaching 10 nm spatial resolution. Yet, applying it to quantitative in
situ nanomechanical tests are in nascency. Dupraz et al. performed pseudo in situ
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indentation where BCDI was performed in between indentation cycles, and successfully
retrieved phase information to demonstrate prismatic loop formation for incipient plasticity
[65]. Au nanowire on MEMS device was tensile tested, and Bragg peak was recorded
during every displacement step, which showed capability of describing full trajectory of
deformation[66]. In sum, current in situ imaging capability using X-ray diffraction for
nanomechanical test capability may require substantial development; however, the
technique has clear advantage over the other imaging platforms at the same time.

1.3 Deformation behavior in Metallic Nanowires
Not only for their superior strength and unique functionality, nanowires are ideal
model system for studying fundamental deformation of crystal including dislocation
nucleation and their subsequent evolution which is well acknowledged as the main
plasticity carrier in crystalline materials. For laboratory experiments, defect-scarce initial
state and their quasi 1D geometry enables to perform optimal uniaxial tensile test,
providing straightforward postmortem structural analysis and readily interpretable
mechanical response from the simple applied stress state. Their small dimension allows to
characterize defects in TEM with minimum efforts of sample preparation. Moreover, their
small number of consisting atoms enables to conduct theory-based atomistic simulation
which can directly employ experimental observation for their inputs. Therefore, extensive
studies have been performed on MD simulations which provides robust understandings on
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fundamental deformation mechanisms in crystals including nucleation dynamics. Although
the key mechanisms can be governed by atomic activities, continuum model is still
applicable to explain general deformation behavior in small crystals. Thus, it is useful and
perhaps necessary to employ both to investigate nano-scale deformation.
The surface is expected to play a dominant role in mechanical response of defectscarce nanostructures, where the large ratio of undercoordinated surface atoms to fully
coordinated interior ones can be non-negligible [40,44–46,67]. For instance, near-surface
layers influenced by the undercoordinated atoms exhibit surface stresses that can influence
the state of the bulk [67–70]. This effect can be significant for critical dimensions below
10 nm, where counter balancing bulk stresses have been calculated to reach well above 1
GPa [70,71]. In addition to its impact on elastic properties, the surface is directly related to
the activation of dislocation nucleation [72], whereby embryonic dislocation line length is
reduced through the heterogeneous nucleation process from the surface [71,73,74].
Moreover, recent observation emphasize role of surface diffusional activities to the
inelastic behaviors of nano-crystals [38,45,61].

1.3.1 Elastic Deformation of Nanowires
In general, nanowire follows continuum elasticity, thus the deformation can first
start with describing stress and strain. For many portions of the experimental stress-strain
curves, engineering stress (σe) and engineering strain (εe) are used which is defined as
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σe = F/A0

Eq. 1-1

and
εe =Δl/l0

Eq. 1-2

in uniaxial loadings where F is applied uniaxial force, A0 is sample cross-sectional area, Δl
is sample elongation, and l0 is the original sample length. However, stress and strain are
not scalar properties, and both are 2nd rank tensor. In a cartesian coordinate system of x1,
x2, and x3, stress can be expressed in tensorial form as,

.

Eq. 1-3

When isotropic material is uniaxially loading, the maximum shear stress is on 45° planes
respect to the loading direction. Displacement vector is ui = εijxj +ωijxj, where εij is strain
tensor and ωij is rotation tensor. Then, for a small amount of strain, the strain tensor can be
expressed as,

Eq. 1-4
Stress and strain are related by Hooke’s law, and take generalized form as
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εij = Sijklσkl

Eq. 1-5

and
σkl = Cijklεkl

Eq. 1-6

where 4th rank tensor Sijkl and Cijkl are compliance and stiffness tensor. Each of these tensors
have 81 components; however, the symmetry of stress and strain tensor reduces the
independent components to 36. Moreover, stress and strain relation through strain energy
and the related symmetry reduces the independent components to 21 for general anisotropic
material. Further reduce of components is possible from crystal symmetry, ultimately
leaving only two independent components (Young’s modulus E, and Poisson’s ratio ν) for
isotropic materials. The constitutive relation of stress and strain in isotropic material can
be expressed in matrix form as

Eq. 1-7
and

.
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Eq. 1-8

For cubic crystal, 4-fold symmetry along <100> and 3-fold symmetry along <111> lead to
express stress and strain with 3 independent components as

Eq. 1-9
and

Eq. 1-10
, where the compliance and stiffness matrix are inverse to each other. Transformation of
basis relate crystal coordinate and laboratory coordinate. Generally, rank of tensor matches
with number of required transformations, ei’=Tijej, σij’=TipTjq σij, Cijkl’=TipTjqTkrTlsCpqrs, and
etc. where Tij is rotation operator. To use above matrix form for elastic constants, below
transformation matrix can be used for C’=TCTT. For rotation ϴ about x, y, and z, the
rotation operators are
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,

Eq. 1-11

,

Eq. 1-12

and

,

Eq. 1-13

respectively. Often nanowires are grown in preferred orientation which fixes the tensile
stress axis. In general, with known elastic constants, once or twice of transformation is
required to deduce strain in arbitrary direction which portrays Poisson’s ratio. For example
to deduce in strain in [1 1 3] direction of [110] tensile axis, the crystal coordinate should
be rotated -45° about [001], then 25° in [110] which is the new y-axis after the first rotation.
The elastic modulus along an arbitrary crystallographic direction [ijk] in a cubic system is
given by
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Eq. 1-14
where li1, lj2, and lk3 are the direction cosine of the direction [ijk] with respect to the three
orthogonal axes, i.e. [100], [010], and [001].
Elastic constants of crystal are related to the curvature of interatomic potential as
demonstrated in drawings of Fig. 1-5 where a small deviation from the equilibrium position
has constant stiffness whereas it deviates when the displacement is larger. Beyond the
small strain regime (Eq. xx), the strained material can withstand to non-linear elastic
regime. This involves higher order elastic constants to describe the energy of strained body
(U) as

Eq. 1-15
where η is Lagrangian strain and the 6th rank tensor Cijklmn is the third order elastic constant
which has 56 independent constants which reduces to 6 for a cubic crystal. The non-linear
elatsic behavior is utilized to describe thermal expansion, harmonic generations, phonon
interactions, distortion proximity of lattice defects, piezoelectricity, and ferreoelastic
behaviors [75]. Eminently, higher order elasticity leads to deviation from Hooke’s law,
which can now be written as

.

Eq. 1-16
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Various simulations includes this nonlinearity to describe deformation behavior of defectfree nanowires where they can be elastically strained upto several percents [76–80]. This
phenomena is rarely observed through laboratory experiments due to the inelastic
behaviors. Nontheless, a clear experimental evidence was reported from tensile tests of
defect-scarce Cu and Pd nanowhiskers withstanding several percent of reversible strain
[67,81]. The studies report that the non-linearity has orientation depndency and closely
related to the contribution of the surface. Therefore, it is important to consider non-linear
contribution when exploreing a material class of which is charcatercterized by low defect
densites and high surface to volume ratio. Moreover, these higher order elasticity is closely
related to understand and utilize strain engineerings techniques [82] where elastic strain is
applied more than 1%.
Surface stress can be significant in nanowire having small dimension. Both being
second rank tensor, the surface stress fij and surface strain eij is related as

Eq. 1-17
where A is the surface area, γ is the surface energy. The surface stress can play significant
role in determining elastic modulus in nanowire having diameter less than 10 nm, which
creates counter balancing compressive stress in the bulk which can reach GPa levels. The
surface stress effect are generally anisotropic thus influences not only the elastic behavior
but also the yield stress for various orientation upon tension or compression [70].
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Figure 1-5 (a) Drawing of an interatomic potential as a function of interatomic spacing. (b)
Drawing of an interatomic force which is a derivative of the interatomic potential. The slope shows
evolution of the stiffness.
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1.3.2 Incipient Plasticity of Nanowires
Defect-scarce nanowires permanently shear when strained beyond their elastic
limit. In a periodic lattice, the interatomic potential energy can be approximated as a
sinusoidal function where shear strength (τ) can be expressed as

Eq. 1-18
where τ0 is the theoretical shear strength, b is the Burgers vector, and x is atomic
displacement from the original stable position. For shear deformation τ = µγ where µ is the
shear modulus and γ is the shear strain, and for small shear strain (µ ≈ x/a)

Eq. 1-19
where a is the interplanar spacing between slip planes. Since a and b are in the same order,
the theoretical strength is in the order of 10-1 of µ. However, pre-existing dislocation glides
without any obstacles is facile in FCC as the Peierls stress is less than 6 × 10-5 of µ [83].
Thus, experimental yield strength of bulk materials is several orders of magnitude lower
than the theoretical strength. Subsequent multiplication of dislocations and interaction with
pre-existing obstacles create junctions and locks which act as a barrier to overcome can
increase the flow stress during the plastic deformation; however, this forest hardening
never reaches the theoretical strength. Contrarily defect-scarce nanowires were shown to
reside in theoretical strength regime by nucleation a fresh dislocation.
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Incipient plasticity in defect-scarce nanowire can be viewed as probabilistic
nucleation of fresh dislocation. Heterogeneous dislocation nucleation from the surface of
nanowire is well predicted by atomistic simulations [41,71]. Activation parameters were
utilized to describe the phenomena, and the corner of facets were pointed out to be the first
nucleation site due to their lowered activation energy. Current consensus for nucleation
event in FCC nanowires is nucleation of <112> partial dislocation from the surface and
sweep through the most preferred {111} plane. In this framework, the nucleation of
dislocation can be described as progress from initially a perfect crystal to finally slipped
state, which requires to overcome an energy barrier (Qact) in a reaction coordinate. The
local maximum of minimum energy path between initial and final state is viewed as the
activation energy for the reaction. Considering activation energy as ΔGact which is a
function of stress and temperature, the nucleation rate can be expressed as

Eq. 1-20
where N is the number of equivalent nucleation sites, ν0 is the attempt frequency, kb is the
Boltzmann constant, and ΔGact = ΔHact-TΔSact = ΔUact-Wext.-TΔSact. Here Wext can be viewed
as mechanical energy done to the system which lowers the activation energy to nucleate a
dislocation, i.e. energy input to strain a nanowire during a tensile test. The activation
volume Ω can be defined as

Eq. 1-21
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which measures the stress sensitivity for nucleation rate. As can be seen in the Eq. ,
nucleation rate is sensitive to stress and temperature, and one can assume a simple
functional form of ΔGact as

Eq. 1-22
where ΔUact is the energy barrier to nucleate a dislocation in the absence of external energy
input. Tm is a characteristic temperature, and a dislocation can be spontaneously nucleated
above this temperature. Surface disorder temperature can be one of the kinds. Athermal
strength, σath, is the stress required to nucleate a dislocation without the aid of thermal
fluctuation, which can be viewed as the maximum yield strength for a given system. The
exponent α is a stress dependent sensitivity factor. α = 1 is assumed for constant activation
volume [38,77], whereas values for α other than unity were deduced based on MD
simulations of compression of Cu nanowires (α = 4.1) [41] and Mo nanoparticles (α = 1.46)
[84]. The above formulas are used to predict nucleation strength at finite temperature from
calculated activation parameters or conversely to derive activation parameters from
measured strengths in laboratory mechanical tests. Although the direct atomistic simulation
predicts accurate nucleation site and activation parameters, the classical nucleation theory
was augmented to the activation energy to explain underlying physical mechanism as

Eq. 1-23
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Where the terms include dislocation line energy, stress-dependent generalized stacking
fault energy, and the work done by the applied shear stress [71]. The dislocation cut-off
radius can be input by DFT calculation.
The attempt frequency ν0 is often approximated by the Debye frequency of the crystal
(~1013 s-1). When the external work is zero or constant ΔGact is Helmholtz free energy ΔFact
= ΔUact .- TΔSact, where the attempt frequency encompasses the activation entropy term
ΔSact= -∂ΔG/∂T│σ

,

thus in the form of thermal vibration assumed with harmonic

approximation. In many MD simulations the activation entropy term is neglected.
However, anharmonic effects may contribute by including so-called Meyer-Neldel rule
where activation entropy can be non-negligible to the nucleation rate [85]. Nevertheless,
these predictions do not account surface diffusional process for rate-limiting step which
may involve collective behaviors of dislocation embryonic cells. Recent experimental
observations suggests that surface diffusional activities can be directly related to the
incipient plastic deformation of nanowires [38,45,46].

1.3.3 Plastic Deformation of Nanowires
The dislocation-mediated plastic deformation following the surface nucleation can
be well explained with classical single crystal deformation; whereby important factors to
describe plasticity of metal nanowires are Schmid factor, GSF, and the surface
contribution. As mentioned in 2.1.1, maximum shear stress lies on 45° planes for isotropic
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material in uniaxial loading; thus, the material shears on this plane for its permanent
deformation where the Schmid factor

m = cos(ϕ)sin(λ)

Eq. 1-24

is maximum (ϕ: angle between σ and slip plane normal, λ: angle between σ and slip
direction). Unlike isotropic materials, crystalline material has limited slip system because
the slip activity happens on the closest packed plane and along the closest packed direction.
For example, slip occurs on {111} plane in <110> direction, {110} plane in <111>
direction, and <0001> plane in <11-20> direction in FCC, BCC, and HCP, respectively.
Therefore, among the available slip systems, the ones having largest m is activated during
the deformation. GSF energy curve is calculated by EAM potential where two blocks of
crystal is sheared along the slip direction while calculating the fault energy as a function
of sheared displacement [40].
While full dislocations are mostly enough to describe plasticity in the bulk deformation,
partial dislocation activities and stacking faults formation are also important in nanowire.
Burgers vector for the full dislocation is a/2<10 1 > where a is the lattice constant. By
Frank’s rule a full dislocation can be dissociated with two partial dislocation (leading and
trailing partials) as a/2[10 1 ] = a/6[2 1 1 ] + a/6[11 2 ]. The small dimension
comparable to the dissociation length allows the nucleated partial dislocation to escape

29

following the nucleation and glide, which leaves a stable stacking fault and step edges on
the surface.
The partial dislocation activities lead to competition between dislocation slip and
deformation twinning. Schmid factor analysis on uniaxial deformation of <100>, <110>,
and <111> FCC nanowires for perfect dislocation, leading partial, and trailing partial are
all different. For example, <110> nanowire for which the current work is focusing, the
Schmid factor for leading partial is calculated to be the highest and lowest for trailing
partial. This trend is opposite for compression. Therefore, the first nucleation event is most
likely to be the leading partial dislocation for <110> nanowire in tension. Then the
subsequent process can have three ways: a) the trailing partial can nucleate on the same
slip plane of the leading partial, which leads to full slip and stacking fault diminishes, b) a
new leading partial can nucleate on a different position, not adjacent to the first partial slip
plane, c) a leading partial can nucleation on the adjacent slip plane of the first leading
partial slip plane. The last situation leads to twinning. GSF energy curve allows to predict
twinnability for different system where intrinsic stacking fault energy, unstable stacking
fault energy, and unstable twinning energy are considered [40].
Surface nucleated partial dislocation activities in metallic nanowires in tension
were supported by experimental observations. Sedlmayr et al. revealed competition
between two different mode of twin formation in Au nanowires in tension, which was
ascribed by possible surface roughness that provides uncertainty in forming one dominant
twin or multiple twin along the deformed nanowire [39]. Seo et al. showed dominant twin
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propagation along the wire length in Pd and Au nanowires in tension [52]. Roos et al. also
revealed surface nucleated twin formation in Au nanowires [86]. Chen et al. observed rich
partial dislocation activities at the fractured tip ends [38]. All these experimentally tensile
deformed FCC nanowires had <110> as their growth and tensile direction.
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Figure 1-6. (a) Schematic of a possible slip plane of <011> nanowire in tension. (b) Normal view
of the slip plane of (a) and a plane in Thompson tetrahedron representation. (c) Atomic layers of
undeformed nanowire. (d) Slip by one leading partial dislocation causing a stacking fault. (e)-(g)
consecutive partial slip adjacent to the previous partial slip resulting in twin formation and
propagation. Instead of conventional ABC stacking sequence, PQR is used not to be confused with
the label in (b).

1.4 Outlook
The current dissertation investigates how defect-scarce materials accommodate
deformation by experimentally elucidating the strength and rate-limiting deformation
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mechanisms via quantitative in situ mechanical tests and novel characterization techniques.
Materials and experimental methods are first introduced in Chapter 2. Chapter 3 presents
the first realization of in situ Bragg coherent X-ray diffraction (BCD) during tensile tests
of a single nanowire in a synchrotron beamline. The presented novel imaging technique
not only allows for the tracking of the evolution of lattice strain but also rotational changes
such as twisting and bending that arise during the tensile test with volume-probed latticelevel accuracy, enabling the inference of the events leading to plastic initiation as well as
plastic flow in defect-scarce nanowires. Requirement to know the exact orientation for
BCD condition was fulfilled by Laue microdiffraction analysis prior to the main
experiment. Then Chapter 4 investigates on influence of internal planar boundaries to
mechanical response in defect-scarce nanowires. In Au nanowires, the yield stress
increases due to the presence of coherent twin boundary. Contrarily, stacking faults in Pd
nanowires contributed minimal strengthening effect. Then, the thesis demonstrates a
strategy to mitigate runaway fracture of defect-scarce nanowires by controlling the energy
release rate during the yielding moment. Frame stiffness of a nano-tensile stage was
increased by adding parallel nanowires, which prevented catastrophic fracture of Pd
nanowires without noticeable change in nucleation mechanism. Finally, a strategy to tailor
the strength in metallic nanowires is presented in Chapter 6. Defect-scarce Au nanowires
were coated with of Al2O3 via atomic layer deposition (ALD) to alter the surface-mediated
dislocation nucleation process. The thermal activation parameters for dislocation
nucleation are extracted from the strength data using a model developed from transition
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state theory (TST) to conclude that tailoring surface diffusional activity is the key factor in
controlling surface dislocation nucleation in these Au nanowires. The coating layer is
considered to impede surface diffusion, resulting in an increase of both the dislocation
nucleation activation energy and activation volume, thereby strengthening the material
while simultaneously reducing the stochasticity of strength determination in defect-scarce
nanowires.
In addition, proposed prospective research topics lies on how to precisely
characterize and link between nucleation and interactions of dislocations. This requires
direct observation of volume-probed dislocation dynamics and refined strategy of
performing high-throughput temperature-controlled nanowire tensile tests to efficiently
and accurately investigate probabilistic nature of dislocation nucleation.
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2 Materials and Experimental Methods

2.1 Materials
Au and Pd nanowires were chosen to investigate strength and deformation of small
crystals by testing them in tension. Nanowires are quasi 1D nanocrystal which diameter
ranges from submicrometers and down to several nanometers. Its high aspect ratio and high
surface to bulk ratio convey unique material performances compared to their bulk
counterparts. Moreover, nanowires often exhibit defect-scarce condition due to their
confined volume, where no visible dislocation exist in the as-grown single crystalline
entity. Normally, the equilibrium morphology of a freestanding crystal can be well
predicted from the intrinsic structure, crystallographic point group symmetry. Thus, the
nanowire growth strategy requires the symmetry-breaking not to candidly comply the point
group symmetry.
Nowadays, crystalline nanowires can be synthesized in various methods. Vaporliquid-solid (VLS) mechanism is well understood and used to synthesize diverse
semiconductor nanowires [87–91]. Liquid metal cluster or catalyst seeds serves as the
energetically favorable adsorption/dissolution sites for the vapor-phase reactants to grow
solid nanowires. The catalytic seed remains at the top of the nanowire, and the most
important requirement for VLS growth is the presence eutectic point at the available
synthesis temperature. The size of the seed limits the diameter of the growing nanowires;
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thus, control of seed is also crucial. For metal nanowires, the most facile technique is using
nanoporous structures as a template to electrochemically deposition materials to grow
directional solid [92–95]. However, the nanowires grown by this method usually contains
multiple grains proportional to the wire diameter which is controlled by the pore (tens to
hundreds of nanometers). EBID growth also creates nanowires but normally the surface is
not atomically smooth [96–98]. Defect-scarce single crystal metal whiskers were obtained
via metal halide reduction without any template 50 years ago [1]. Simple thermal
evaporation technique can also obtain metal oxides [99] and pure metal nanowires [100]
with care of deposition flux. Besides, the symmetry-breaking of FCC nanowire growth can
also be achieved by surfactant-directed synthesis [101,102].
In this study, defect-scarce Au and Pd nanowires were grown by physical vapor
deposition via molecular beam epitaxy method where the chamber pressure maintained
ultra-high vacuum (<10-10 mbar) similar to the conditions reported in Ref. [103]. The
growth substrates were partially carbon coated by magnetron sputtering to create preferred
nucleation site, and heated up to 0.65 Tm to promote surface diffusion of deposited atoms.
Au nanowires were grown on W substrates while Pd nanowires were grown on (001)SrTiO3 or (0001)-Al2O3 substrates. All the nanowires have <110> orientation as their
growth direction. The deposition rate was characterized to be on the order of 0.01 nm s-1.
The nanowires grow at high angle from the substrate surface. By investigating the rootside, a nanowire seem to sprout out from {110} facet of initially formed a nano-island. The
nanowires are apt to grow one per one island. The wire diameter and length nominally
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range from 30 nm to 300 nm and 5 µm to 25 µm. The cross-sectional shape generally
follows the Wulff construction to have truncated rhombus which consist of two major sets
of {111} and one minor set of {100} facet (Fig. 2-1). Often the density of nanowires varies
within a substrate where certain positions are covered with densely grown nanowires while
other places having only islands. Nanoribbons (plate-like crystals) sporadically exist
throughout the substrate in which the major crystallographic plane is one of the {111}
facet. The width of the ribbon can vary from several hundred nanometers to several
micrometers and the aspect ratio between the width and the growth length tend to be
reciprocal to each other.
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Figure 2-1 (a) PVD-grown Au nanowires on W substrate. Au nanowires having diameter of (b)
320 nm and (c) 84 nm. (d) Schematic of cross-sectional shape of a nanowire. Nanowire can take
truncated rhombic to rhombic shape where ribbon geometry is fulfilled by growing a dominant set
of {111} facet. (e) Snapshot of a harvested nanowire by a nanomanipulator tip.

2.2 Quantitative in situ Tensile Tests
A specimen under uniaxial tension undergo simple stress state and thereby provide
more easily interpretable deformation phenomena. In situ imaging capability during tensile
testing substantially augment the understanding of mechanical response during the
deformation. Further attention is required to perform quantitative in situ tensile test of
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nanostructures compared to the conventional tensile tests of bulk materials. A nano-tensile
test set-up requires accurate displacement transferred to the specimen in a rigid way to
minimize drift and undesirable elastic energy stored, and simultaneously recording the load
transmitted to the sample. Typical displacement rates range from sub-nm to several μm per
second using piezomotors and rigid shafts. The whole set-up should be compact enough to
be mounted on imaging tools which can resolve nanoscale deformation, typically electron
microscopes. In addition, mounting a nanowire on a tensile stage requires sample
manipulation skills with adequate precision of multiple steps. The following subsections
introduce nano-tensile set-ups that were used throughout the current study and the
corresponding sample manipulation procedures.

2.2.1 Tensile Testing Stages
Quantitative in situ tensile tests in the SEM were conducted using two types of
tensile testing setups. The first type is a two-tower system consisting of a capacitance based
load cell mounted on a 6 degree-of-freedom (DOF) positioner on one side and a 30 µm
range linear piezo actuator (Physik Instrumente GmbH) on the other side [104,105].
Individual load cell has various maximum sensing limit from 100 µN to 100 mN where the
noise level is typically less than 10-4 times of the maximum force, thus the smallest load
cell can capture nN signals. A load cell can be chosen for a target load range. Similarly on
the actuator side, various types sample holders can be mounted, which includes nanowires
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attached on TEM grids, nanowires or thin film mounted on a MEMS based push-to-pull
device, and various sample substrates with pillar geometry. After fine alignments by the 6DOF positioner, the cantilevered nanowires were gripped with Pt-EBID to the load cell for
tensile tests. This configuration allows for higher throughput by enabling multiple
nanowire tensile tests in series within one pump cycle as well as less transfer time for each
nanowire. In addition, the nanowires are readily prepared for TEM observations both
before and after tensile testing.

Figure 2-2 Quantitative in situ mechanical testers. (a) Two-tower system consist of a 6-DOF
positioner and a stiff linear piezo actuator. (b) MEMS based thermal actuation tensile stage. Electric
current is flown on the top two pads to actuate the stage. Displacement of actuator, load flexure,
and anchored stage is measured by the trackers in green dotted box to calculate strain and loads.
Remaining lower pads are used for electrical groundings.
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The second set-up is a MEMS based thermal actuation tensile stage [106], which
enables performing not only in situ tensile test in SEM but also temperature controlled
tensile testing inside a custom built cryostat due to its compact design and low thermal
mass [107]. In addition, the compact design and simple operating principle are
advantageous for it to be implemented in a synchrotron beamline, which, allows to conduct
in situ BCD tensile tests on nanowires. In this set-up, the nanowire is mounted across the
actuator grip and the load cell grip in a single manipulation step. Actuation is performed
by joule heating the actuator-side silicon beam structures. The load is calculated from the
displacement of the load cell, which has a pre-calibrated stiffness determined by resonance
frequency measurements of the compound beam structure. Liquid nitrogen and a resistive
heating block were used for temperature control inside the chamber. These tensile tests
were performed at nominal strain rates of 10-4 s-1 and below 10-2 Pa of vacuum.

2.2.2 Sample Manipulation
Sample manipulation step is an essential step for sample preparation in nano-tensile
test of nanowires. Ideal manipulation procedure requires two main components. Firstly,
precise sample positioning tool with having three independent translation and one
rotational freedom are required where the former is for transferring a nanowire from the
growth substrate to tensile stage and the latter to align the nanowire along the tensile axis
of the test stage. Nanomanipulation tip with radius of curvature less than 1 µm is preferred.
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Secondly, a gluing system augments the process by providing adhesion to harvest and affix
a nanowire to the tensile stage grips.
Three main manipulation tools were used in this thesis work. OmniProbe (Oxford
Instruments) in FIB/SEM dual beam system were used for transferring samples that require
ion beam cutting step. OmniProbe allows two rotational movement and one translation
movement, and also allows the microscope stage to have its own independent motion. Two
rotational movement is quasi orthogonal since the manipulator tip is far from the center of
the rotation. MM3A-EM (Kleindiek Nanotechnik GmbH) in a SEM have two rotational
movement and one translation movement, which was used for majority of nanowire
manipulation. A manipulation module was fixed to the SEM chamber, thus allows
independent motion of SEM stage. Lastly, miBot (Imina Technologies) was used for
manipulating nanowires for in situ BCD tensile tests, which provides orthogonal translation
and rotation of the manipulation tip. The manipulation module is placed on a dedicated
stage which is mounted on to the microscope stage. While the former two allows
independent movement of the SEM sample stage, which is advantageous for sample
alignment, miBot can align the harvested nanowire by its rotational movement of the
module itself. Due to the required precision all the manipulating system used in this work
are driven with piezo actuator motors.
A Pt-based gas injection system (Pt-GIS) combined with electron beam induced
deposition (EBID) served as the glue for harvesting and bonding of nanowires onto the
stage grips. The nanowires on the growth substrate were prescreened to find optimum
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samples with minimal out of plane misorientation relative to the flat tensile stage. For this
process, gentle contacts with the nanomanipulator tip were made at both the tip and the
root of each nanowire to check the z-height difference (Fig. 2-3). During the harvest step,
the nanomanipulator tip was glued to the root side of the nanowire and mechanically pulled
off of the substrate. In this way, plastic deformation prior to tensile testing could be
avoided. The in-plane orientation of the harvested nanowire with respect to the tensile axis
was adjusted by rotating the SEM stage that held the tensile setup. Finally, Pt-EBID was
applied at the tensile grips to hold the sample in place.
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Figure 2-3 Nanowire harvesting steps with a manipulator tip. z-height is confirmed by making
gentle contact with the manipulator at the tip-side (Pos. 1) and the root-side (Pos. 2), which is
shown from (a) the top view and (b) the side view. Normal SEM images are from z direction view.
(c) Pt-EBID deposition box is made on the root-side slightly off from the manipulator to account
delocalized deposition. (d) The manipulator is pushed off to the side ways to harvest the nanowire.

2.3 Synchrotron X-ray Nanodiffraction
X-ray experiments offers the unique advantages of being nondestructive, volume
probing, and exquisitely sensitive to small strains. In situ imaging techniques allowing for
the direct observation of defect-level dynamics have shown tremendous advances
[21,30,51,53,108–110], although quantification of the full deformation trajectory using
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electron microscopes is challenging. The newest generation of X-ray sources with
advanced optics ameliorate many of these issues and paves the way for in situ
nanomechanical testing with real-time diffraction, fully in 3D [111]. Two different X-ray
technique were used in this study to investigate nanomechanical response of Au nanowires.
One is directly related to the very first diffraction technique that has been employed by
Max von Laue and the other having the best spatial resolution among the currently existing
X-ray diffraction technique. The former is Laue diffraction which can now have its beam
size reduced down to 500 nm is advantageous for determining crystallographic orientation,
and the latter is BCDI having typical spatial resolution of 8-10 nm, with deduce 3D atomic
displacement in pm scale with the aid of phase retrieval algorithm.

2.3.1 Laue Microdiffraction
Using polychromatic beam, Laue microdiffraction illuminates large number of
diffraction spots recorded in one pattern (Fig. 2-4a), which is used to determine the
crystalline structure as well as the orientation of the crystal. The shape of the individual
diffracted spot is sensitive to lattice distortion such as bending and torsion of a crystal array.
Elongated direction in reciprocal space can be directly interpreted to its corresponding real
space crystal distortion. Deviatoric strain can be deduced by comparing the position of
diffracted spots and the unstrained reference state.
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Figure 2-4 (a) Ewald sphere of polychromatic beam covering a large range of reciprocal space
lattice points. (b) Laue microdiffraction set-up at BM32, ESRF.

The incident polychromatic beam was focused down to 500 nm × 500 nm on the
sample surface by a pair of Kirkpatrick-Baez (KB) mirrors [112]. The diffracted X-ray
spots were recorded by 2048 by 2048 pixel MarCCD (MAR165) with the pixel size of 80
µm. The detector was mounted at 90° with respect to the incident beam at a distance of ~70
mm from the sample, covering collection angle of around 100° (Fig. 2-4b). The
fluorescence yield was monitored simultaneous with diffraction data using a Röntec
XFlash 1001 energy-resolved point detector to identify the nanowire and to properly
position it with the incident beam. The nanowire was located by scanning the sample in
steps of 500 nm (corresponding to the beam size) through the focused polychromatic Xray beam. The recorded Laue diffraction patterns were analyzed using the LaueTools
software [113] to determine the wire orientation with respect to the laboratory coordinates.
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We set the laboratory axes x as perpendicular to the tensile direction (projected direction
of the incoming X-ray to the substrate), y as the tensile direction, and z normal to the
substrate.
Manual peak finding was performed by comparing diffraction pattern that includes
the nanowire and at the position away from the nanowire. Auto peak find function through
LuaeTools is possible when single orientation of the crystal is exclusively illuminated. The
geometry of single crystal nanowires is typically in order of 100 nm of diameter and several
µm of length, and in BM32 the beam size can be shaped down to have 500 nm by 500 nm
which is sufficient to collect several positions along the nanowire to collect Laue patterns.
However, in practice, the high energy X-ray beam can have a penetration depth of several
tens of microns depending on the materials traveling through in addition to a certain spread
of the beam, which can interact with other grains nearby to have complex diffraction
pattern on the CCD screen. Moreover, the interaction volume of the nanowire is small, thus
the signal is rather weak, which necessitate of performing manual peak finding procedure.
After manually finding the proper peaks, indexation of the diffraction spots was performed
by using transformation matrix between the lab coordinate and the crystal coordinate.

2.3.2 Bragg Coherent Diffraction
In contrast to Laue diffraction, BCD uses monochromatic X-ray source.
Synchrotron source creates incoherent beam, which requires optics and slits to focus and

47

select the coherent portion of the beam. The high brilliance and large coherency length of
3rd generation synchrotrons realize to investigate structure of nanomaterials by
illuminating the whole structure with coherent beam and collecting diffraction data in a
reasonable time scale. With the aid of phase retrieval algorithm [114,115], it allows for
spatially characterizing individual defects and dislocation networks inside crystals
[34,62,116,117] as well as the full elastic strain tensor deduced from crystallographically
resolved displacement fields [118,119]. In this study, BCD has been utilized to determine
cross-sectional shapes of Au nanowires and internal strain fields.
A coherently diffracted Bragg peak of a single crystal can be considered as
convolution of lattice (includes the size), unit cell, electrons in atoms, and thermal motion.
The longitudinal coherence length is represented as,

Eq. 2-1
where a typical value reaches 0.5 µm when Si (111) is used as a monochromator with ~10
keV beam energy. The transverse coherence length is defined by

Eq. 2-2
where R is the distance of the source from the slits and D is the source size. A typical
transverse coherence length can be reached to 100 (H) by 10 (V) µm2 in 3rd generation
synchrotron beamlines. With the coherent beam size larger than the illuminated crystal the
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sample dimension act as a slit which creates self-similar fringe patterns in every diffracted
Bragg peak (Fig. 2-5a and 5b). The amplitude of diffracted beam from strained crystal can
be expressed as,

Eq. 2-3
where ρ(r0) is the electron density of perfect crystal at position r0, u(r) is a displacement
from the ideal position, Q is a scattering vector, and Ghkl is a Bragg diffraction vector. The
approximation step comes from Takagi’s approximation that |(Q-Ghkl)·u(r)|<<1 [120].
Thus, the phase part of the Fourier coefficient, in this case the complex electron density
function due to the strained state, contains the displacement field information. Investigating
a certain Bragg peak (Ghkl) enables to represent the displacement projected to the
diffraction vector, for example skewed elongation in QxQy slice of a Bragg peak can
represent lattice displacement in both xy direction. However, a measured data is the
intensity and not the amplitude of diffraction wave, thus loses its phase information.
Nevertheless, both the electron density and phase can be retrieved if the diffracted intensity
is sampled with at least two points recorded per diffraction fringe. This condition fulfills
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oversampling the Nyquist-Shannon theorem [121,122]. With this sufficient oversampling
condition, stable phase retrieval can be performed which consist of iterative process of the
Error-reduction (ER) algorithm [123], the Hybrid-Input-Output algorithm (HIO) [124], and
shrink wrap (SW) algorithm [125]. Therefore, the phase retrieved from the measured
intensity can in principle reveal the internal strain field as well as the electron density of a
crystal.
The most important step would be to collect 3D Bragg peak through BCD
experiment. There are several ways of recording a 3D Bragg peak in reciprocal space: θ/2θ
scan, energy scan, and sample rocking scan (Fig. 2-5d to 5f). BCD were performed at the
CRISTAL beamline at SOLEIL synchrotron and at the ID01 beamline at the European
Synchrotron Radiation Facility (ESRF). The incident X-ray beam in both beamlines was
focused using a Fresnel zone plate (FZP). At the CRISTAL beamline the 8.5 keV incident
beam was focused down to 2 µm (V) x 2 µm (H), the focal spot of the 8 keV X-ray beam
at the ID01 beamline was 200 nm (V) × 500 nm (H). At both beamlines, the coherent part
of the incident X-ray beam was selected by closing slits installed in front of the FZP to
match the lateral coherence lengths which amount to 20 µm (H) x 60 µm (V) at the
CRISTAL beamline and 60 µm (H) x 200 µm (V) at the ID01 beamline. The diffracted Xrays were recorded by a 2D MAXIPIX detector with a pixel size of 55 µm × 55 µm installed
1 m downstream from the sample similar to the set-up in Ref. [126]. The three-dimensional
intensity distribution in the vicinity of a chosen Au Bragg peak was recorded by rocking
the sample by +/- 1° or+/- 2.5° depending on the target resolution while making sure that
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the oversampling condition is fulfilled. Luckily smaller sample obtains more fringe in
shorter time thus nanowires dimension compensates loss of diffracted beam flux.
Subsequently, the electron density of the examined nanowires was reconstructed from the
recorded 3D coherent diffraction patterns, thus representing the nanowire cross-sectional
shape [114].

Figure 2-5 (a) A coherent X-ray beam with its coherence length larger than an illuminating crystal.
(b) BCD pattern of the crystal in (a) which has not only the crystal structure information but also
the sample size and shape from discrete fringe pattern created in each Bragg peak. (c) Diffraction
condition represented with Ewald sphere overlaid on real space geometry to represent Bragg
diffraction. k1 is incident beam, k2 is diffracted beam and Q is the scattering vector. Three different
ways of recording 3D Bragg peak: (d) θ/2θ scan where sample (θ) and detector (2θ) are
simultaneously moved in correlated motion, (e) energy scan where sample and detector are
stationary while the beam energy is varied, and (f) rocking scan where the sample is rotated in small
range of θ.
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Novel electronic, nano/micromechanical, and energy storage devices incorporate
nanoscale features that experience mechanical stresses, thereby highlighting the need for
structural integrity of the building block materials and necessitating nanomechanical
testing approaches with requisite spatial resolution and crystallographically-resolved
information [127,128]. Beyond scaling effects that bring the importance of interfaces and
surfaces into sharp focus, new deformation mechanisms emerge in nanostructured
materials that must be elucidated. For instance, the lack of pre-existing mobile plasticity
carriers such as dislocations gives rise to ultra-high strength approaching the theoretical
limit [27,36,103], and consequently, large elastic strains leading to nonlinear (postHookean) elastic deformation can be experienced [67] which now have to consider
significance of surface layer contribution to its bulk response including diffusional process
[38,61]. Whereas the onset of plasticity in bulk ductile materials is governed by activation
of existing dislocation sources, this gives way to the importance of nucleation of new
dislocations in the otherwise pristine crystal. A common denominator in the elastic and
plastic properties of emerging nanomaterials is the importance of the near surface and
interface response, yet a limited experimental toolkit precludes a complete understanding
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of these phenomena. In situ imaging techniques allowing for the direct observation of
defect-level dynamics have shown tremendous advances [21,30,51,53,108–110], although
quantification of the full deformation trajectory using electron microscopes is challenging.
The newest generation of X-ray sources, particularly coherent X-ray sources
ameliorate many of these issues and paves the way for in situ nanomechanical testing with
real-time diffraction, fully in 3D [111]. By far, the best spatial resolution is obtained with
Bragg coherent diffraction imaging (BCDI), which is a lensless imaging technique, with a
typical resolution of 8-10 nm [116]. In addition, with the aid of phase retrieval algorithm
[114,115], it allows for spatially characterizing individual defects and dislocation networks
in crystals [34,62,116,117] as well as the full elastic strain tensor deduced from
crystallographically resolved displacement fields [118,119]. X-ray experiments offering
the unique advantages of being nondestructive, volume probing, and exquisitely sensitive
to small strains makes BCDI an ideal tool for such nanomechanical testing, yet in situ
experiments using these new modalities are still nascent [64,65,129–131]. In particular, the
application of these methods to much less complex stress states – and thereby more easily
interpretable phenomena – such as in situ tensile testing of quasi-1D nanoscaled specimens
would enable substantial progress. Recent developments of in situ synchrotron X-ray
diffraction studies of the mechanical behavior of materials at small scales were reviewed
in ref. [132].
Chapter 3 demonstrates the successful in situ combination of Bragg coherent X-ray
diffraction (BCD) during tensile testing of a single Au nanowire using a MEMS-based
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tensile stage. This uniaxial testing approach applied to a single nanowire greatly simplifies
the stress state and enables a more facile interpretation of deformation events. This in situ
technique not only allows for the tracking of the evolution of lattice strain in the nanowire
during mechanical testing but also rotational changes of the nanowire (such as twisting and
bending) that arise during the tensile test with unprecedented accuracy, enabling the
inference of the events leading to plastic initiation as well as plastic flow in small-scale
FCC materials.

3.1 Materials and Sample Preparation
Defect-scarce <011> oriented single-crystalline gold nanowires were grown by
physical vapor deposition on tungsten substrates under ultra-high vacuum conditions with
molecular beam epitaxy method, similar to the conditions reported in [2]. These defectfree nanowires were coated with a 2 nm thick Al2O3 layer by atomic layer deposition. Using
a miBot nanomanipulator in a SEM, the as-grown nanowires were harvested, aligned, and
transferred to a thermally actuated MEMS-based tensile stage [106,107] where they were
affixed to the stage grips with Pt by EBID. The tensile stage is operated by Joule heating
of the thermal actuator beams, while the applied load is determined by displacement of the
load cell with a pre-calibrated stiffness [22].
Although the space of synchrotron beamline hutches can hold several meters of
goniometers, actual space allowed for sample can be limited due to the multiple rotational
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movements of goniometer interacting with closely set various detectors and apertures.
Moreover, the sample manipulation requires SEM compatibility. Therefore, compact
printed circuit board (PCB) was custom designed to hold the MEMS device to operate the
actuators in multiple beamlines (Fig. 3-1). The PCB designed for current study can fit in
most beamlines allowing for both reflective and transmission mode, which was confirmed
at ID01, ID13, and BM32 at ESRF. The MEMS chip was first wire bonded to a PCB to
connect a source measure unit (Keithley 6487) to actuate the tensile stage with applied
voltage. The actuation displacement was calibrated beforehand without the specimen. In
BM32 the PCB connectors were connected from the back side, whereas connected from
the side in ID01 (Fig. 3-1d to 4f).
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Figure 3-1 (a) Wire diagram of custom-designed PCB. (b) Schematic of MEMS chip mounted
PCB. (c) Photo of actual chip mounted PCB. (d) Configuration of PCB connected BM32 Laue
microdiffraction setup. (e) Configuration of PCB mounted in ID01 for BCD. (f) Close-up view of
connected PCB at ID01.

3.2 Laue Microdiffraction
The affixed Au nanowire is shown in Fig. 3-2a. While the growth direction of the
nanowires is well known to be along the <110> direction, the nanowire orientation on the
MEMS-based tensile testing stage is a priori unknown. Previous attempts on in situ test
were mainly obstructed by this difficulty finding a desirable Bragg peak of the nanowire
on the stage. The precise nanowire orientation on the tensile stage was determined by Laue
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microdiffraction at the BM32 beamline at the ESRF to determine the appropriate Bragg
condition for BCDI. The incident white beam was focused down to 500 nm × 500 nm on
the sample surface by a pair of KB mirrors and the diffracted X-rays were recorded by a
MarCCD as explained in Chapter 2. The nanowire was located by scanning the sample in
steps of 500 nm through the focused polychromatic X-ray beam and recording both the Au
L and the Pt L fluorescence with Röntec XFlash 1001 energy-resolved point detector.
The corresponding map superimposing the two fluorescence yields is displayed in Fig. 32b, clearly visualizing the Au nanowire and the Pt glue with sufficient spatial resolution
for subsequent beam placement. The recorded Laue diffraction patterns were analyzed
using the LaueTools software [113] to determine the wire orientation with respect to the
laboratory coordinates. Here, we set the laboratory axes x as perpendicular to the tensile
direction (projected direction of the incoming X-ray to the substrate), y as the tensile
direction, and z normal to the substrate as depicted in Fig. 3-2a.
Mapping of the full nanowire orientation as positioned for mechanical testing allowed
for facile navigation of reciprocal space at ID01. A representative Laue microdiffraction
pattern is shown in Fig. 3-2c with the vertical and the horizontal axes representing the
projection of angles about y (Bragg angle axis), θ, and of angles about x (incident beam
direction), χ, respectively. The pattern includes Au peaks of the nanowire as well as Si
peaks originating from the MEMS tensile stage. The crystal orientation relative of the
mounted nanowire to the tensile stage was determined from the angle between the Si 004
and Au 311 Laue spots. As displayed in Fig. 3-2d, Au 311 was calculated to be off from Si
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004 by θ=7.5° and χ=2.5° in BM32 coordinate. This reveals that the nanowire was affixed
with the top facing {111} facet pitched by 13 ° with respect to the normal surface of the
tensile stage. In Fig.3-2e, the Laue spots originating from the Au nanowire are marked with
red circles which were selected from the background Si peaks. The dashed line connecting
the Au peaks belonging to the [0 1 1] zone axis confirms the nanowire growth direction.
In addition to the orientation, elastic rotation of the crystal lattice due to bending and
torsion along the nanowire prior to external loading was inferred from the movement of
the Laue spots on the detector while the X-ray beam scanned along the nanowire. The
integrated Laue pattern in the vicinity of the Au 311 Laue spot (Fig. 3-2f) demonstrates
that the 4 μm of suspended portion of the nanowire was twisted about the y-axis (tensile
axis) by 1.3 ° and bent about the x-axis (incoming beam direction) by 1.0 ° as illustrated in
the inset. We ascribe this pre-deformation of the nanowire to the manipulation process; the
characterization of this state is crucial for accurately interpreting the deformation
trajectories during subsequent in situ tensile testing.
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Figure 3-2 (a) SEM micrograph of the as transferred Au nanowire. The markers on the nanowire
indicates the two positions (P1 and P2 from the right) where BCD measurement was recorded
during the in situ tensile test. (b) The Au La1 and Pt La1 fluorescence map of the nanowire (c) Full
detector image of Laue microdiffraction which includes Au peaks of the nanowire as well as Si
peaks originating from the tensile stage. (d) Magnified and cropped image of (c) with Au peaks
marked with red circles. Au 311 peak is θ=7.5° and χ=2.5° off from Si 004 in BM32 coordinate.
(e) Laue microdiffraction pattern overlaid with indexed Au peaks which conform zone axis of the
nanowire growth axis <011>. d) Integrated Laue microdiffraction pattern of the Au 311 Laue spot
recorded along the Au nanowire. The inset below illustrates the configuration of the nanowire
mounted on MEMS based tensile stage.
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3.3 In situ Bragg Coherent Diffraction Tensile Tests
BCD of the Au 311 Bragg peak was tracked to determine the strain and rotation of the
nanowire throughout the subsequent in situ tensile tests. This {311} plane corresponds to
the planes parallel to the <011> wire axis. The in situ tensile tests were conducted at the
ID01 beamline at ESRF and started by adjusting the specimen to diffraction conditions for
the Au 311 Bragg peak based on the information obtained by Laue microdiffraction (Fig.
3-3a). Here, an 8 keV incident X-ray beam was focused down to 150 nm (V) × 400 nm
(H) using a FZP. The coherent part of the incident X-ray beam was selected by closing slits
installed in front of the FZP to 200 µm (V) × 60 µm (H), thus matching the lateral coherence
lengths of the beamline. The coherent beam-exposed area during the tensile tests is marked
in Fig. 3-2a and the diffracted X-rays were recorded by a 2D MAXIPIX detector with a
pixel size of 55 µm × 55 µm installed 400 mm downstream of the sample position. The
three-dimensional BCD pattern was recorded by rocking the sample by +/- 1°
(corresponding to Q = +/- 0.9 nm-1). Two different positions along the nanowire, 500 nm
apart from each other marked with P1 and P2 in Fig. 3-2a, were measured to understand
the comprehensive deformation behavior. The nanowire tensile experiments proceeded as
follows: Tests 1-4 consisted of progressively increasing load-unload experiments. Test 1
and Test 3 were measured at position 1 (P1), and Test 2 and Test 4 were measured at
position 2 (P2). Tests 1 to 3 were simple load-unload cycles and Test 4 included a partial
unload. The evolution of the peak obtained from 3D BCD patterns was measured at every
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increment of displacement of the MEMS actuator. For the lattice strain determination, the
movement of the 311 peak in reciprocal space was used to calculate the compressive strain.
This Poisson strain was subsequently converted to a [0 1 1] tensile strain by using the
elastic constants of bulk Au [133]. In addition to lattice strains, the deconvoluted angular
evolution of the 311 peak in reciprocal space with respect to the first scan was also
measured to analyze the rotational movement of the nanowire throughout the test.
The Qx-Qz slice of the 3D Bragg peak of the as-manipulated nanowire is presented in
Fig. 3-3b, which contains streaks and corresponding size fringes reflecting the shape of the
nanowire. The real space cross sectional view of the nanowire was reconstructed from the
slice of the 3D Bragg peak (Fig. 3-3c) unveiling that the nanowire is composed of four
large {111} facets indicated by black dotted lines and two smaller {100} side facets
delineated by blue dotted lines. The dimension can be matched with the fringe pattern
shown in Fig. 3-3d to 3f. The mean distance between the two sets of {111} facets are
approximately 90 nm and 100 nm, and the {100} facets are 140 nm apart from 4 nm pixel
resolution.
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Figure 3-3 (a) A common lab-coordinates at BM32 and ID01 is set as x, y, and z being the incident
beam direction, the tensile axis, and MEMS chip normal direction, respectively. The set coordinate
is used for positioning Au 311 from BM32 to ID01. (b) Bragg coherent X-ray diffraction pattern
of as-manipulated Au nanowire (c) the two-dimensional reconstructed electron density (ρe) map of
the as-manipulated Au nanowire. Line profile of thickness fringes in (b) are shown in (d), (e), and
(f). The thickness is calculated to be 100 nm, 130 nm, and 80 nm respectively. I and III are {111}
plane and II is {100} plane.

The [0 1 1] tensile lattice strains calculated from the 311 compressive strain for Tests
1-4 are shown in Fig. 3-4a with overlaid actuator input displacements. The lattice strain
responds proportionally to the input displacement. For applied displacements below 100
nm (Test 1), the lattice strain is negligible and can be explained by a pre-buckled nanowire
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as corroborated by the prior Laue microdiffraction analysis. For small applied
deformations, the lattice may rotate but the lattice strain increases only after the wire is
pulled taut. While Test 2 showed full recovery of the lattice strain, residual strain was
detected after Test 3. This can be explained with a resistance upon returning to the buckled
state, which is further discussed later, by an extra coating that was incurred during the
experiment.
In Fig. 3-4b, the evolution of the Bragg peak during the tensile test is shown for four
representative tensile strain states selected from Test 3 and Test 4 by displaying the
projection of the Bragg peak along the reciprocal space vector Qz. Although the two tests
were measured 500 nm apart, the shape itself is worth comparing to understand the
deformation behavior of the nanowire. Similar to Fig. 3-1f, the initial elongation of the
Bragg reflection along Qx originated from the nanowire torsion whereas the elongation
along Qy was caused by the nanowire bending. The Au 311 peak shape at 0% strain further
depicts a non-homogeneous bending of the nanowire. From Laue microdiffraction, a
bending close to 0.1 ° is expected for 400 nm illuminated area along the wire. However,
the measured bending is about 0.3 ° (full width at half maximum fit) which suggests higher
bending angle near the left side grip. Nevertheless, the torsion in this range agrees with the
Laue microdiffraction measurement. The peak profile at higher strain states (1.8% in Fig.
3-4b) shows the torsion remaining constant upon application of tensile strain, however, the
elongation along Qy diminishes with increasing tensile strain indicating a taut wire.

63

Combining the in situ BCD data with global strain measurements determined by DIC
allows a comparison of the accuracy and importance of the lattice strain. We define the
DIC strain as that measured from the displacement of the grip opening (grip displacement)
from the optical microscope image. We now concentrate on Test 3 and Test 4 where larger
displacements were applied. Fig. 3-4c shows a correspondence between both strain
measures although the DIC strain values are systematically larger than the lattice strain.
This discrepancy is attributed to the compliance of the Pt EBID that had been used to fix
the nanowire, demonstrating the significance of obtaining lattice strain from diffraction
data.
The load applied to the system can be calculated from DIC measured displacement
and the known stiffness of the load cell. The maximum force applied to the nanowire was
calculated to be 24.6 μN. Using the cross-sectional area obtained by the 2D reconstruction
(Fig. 3-4f) of the coherent Au 311 Bragg peak, the highest strength is calculated to be of
the order of 2.9 GPa. This value is much higher than an axial stress of 1.68 GPa obtained
by using the Young’s modulus of bulk Au along [0 1 1] and the lattice strain deduced from
BCD. This discrepancy is explained later by the load bearing of a contamination layer
formed around the nanowire during the experiment.
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Figure 3-4 (a) Tensile [0 1 1] strain response overlaid with the applied actuator displacement
during the tests. (b) Evolution of the shape from Qz sum of 311 Bragg peak at 0 %, 0.5 %, 1 %
and 2 % tensile strain. The movement of Au 311 Bragg peak in 3D reciprocal space and their
projections during (c) Test 1, Test 2, and (d) Test 3 and Test 4 along the reciprocal space
coordinates.

The Bragg peak evolution is capable of precisely determining the lattice rotations
during in situ tests. Fig. 3-5a shows the overall movement of the Au 311 peak and its
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displacement in reciprocal space (determined by extracting the center of mass of the Bragg
peak) during the tensile test. The peak mainly moves along the Qx-Qy plane, indicating that
the nanowire primarily rotated about the z axis. This feature is more prominent in Test 3
and Test 4 with higher applied displacement.
This rotational motion is further analyzed by deconvoluting the spatial movement of
the peak. The Au 311 Bragg peak shifts in reciprocal space upon tensile actuation, where
the length of the diffraction vector determines the lattice strain whereas the rotational
movement of the vector characterizes the rotation of the crystal plane. The relative
rotational movements of the peak in 3D reciprocal space were resolved along the three
orthogonal directions θx, θy, and θz which have rotational axes of Qx, Qy, and Qz,
respectively.
Lattice rotations are unexpected during ideal tensile tests in the absence of lateral
constraint and other non-ideal boundary and initial conditions. However, the tested
nanowire had an initial misalignment in θz by about 2.5° as seen in Fig. 3-2a. This
configuration is illustrated in Fig. 3-5b with the plan view projection of an inclined (311)
plane. Moreover, bending and torsion was observed in both Laue microdiffraction and
BCD which can introduce lattice rotations during the tensile test. As the tensile test
proceeds, the misaligned nanowire (lattice planes) rotates about the z axis (θz) in real space
to align with the tensile axis, corresponding to a rotation of the diffraction peak in
reciprocal space about Qz and at the same time, the nanowire straightens which is depicted
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by θx. Since the torsion nominally remains constant during the experiment θy remained
close to zero.
Fig. 3-5c and 5d show θx and θz, respectively, as a function of applied displacement
in Test 3 and Test 4. As demonstrated in Fig. 3-5a, whereas the relative angular movement
in θz (Qx-Qy plane) is predominant, there are still finite changes in θx due to the initial bent
configuration of the nanowire. In both measured positions, the loading and unloading
curves do not overlap each other. A lower slope in unloading suggests the nanowire
experiences resistance upon returning to its initial state, and can be related to the residual
strains observed in Fig. 3-4a. In Fig. 3-5c, the difference in loading slope between P1 and
P2 suggests inhomogeneous bending along the nanowire: more bent down towards the
center of the nanowire (P1) than near the grip (P2). The evolution of θz indicates that the
(311) plane rotated to compensate the initial misalignment. It generally decreases upon
loading and increases during unloading. In addition, the loading slopes are less dependent
on the measured position than for θx. Another important aspect is the fact that the angular
motion reverses its course at the end of Test 4 for both θx and θz. This opposite turn implies
the wire relaxed toward its initial misaligned configuration caused by yielding with a
corresponding stress of 1.63 GPa.
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Figure 3-5 (a) The movement of Au 311 Bragg peak in 3D reciprocal space and their projections
along the reciprocal space coordinates. The marked green diamonds are the 4 peaks in Fig. 3-4b.
(b) Schematic plan view drawing of tested nanowire and possible rotation during the tensile tests.
(c) Deconvoluted rotational movement of Au 311 peak of Test 3 (P1) and Test 4 (P2) represented
in relative angles about x and (d) about z axis. Cross mark represents the first data point of each
tests.
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3.4 Postmortem Analyses
Permanent deformation of the nanowire was confirmed by post-mortem SEM imaging
as demonstrated in Figs. 3-6a and 6b. The yellow rectangle in Fig. 3-6a indicates the size
of the footprint of the incident coherent X-ray beam on the sample surface. In this plan
view, the plastically deformed nanowire appears rather straight. However, the plastically
deformed area is more noticeable in the 24.5° angled view in Fig. 3-6b which shows that
the wire has lengthened because of plastic deformation and subsequently buckles upon
unloading. The angled view indicates that slip proceeded downwards along the negative z
direction. Based on the deformation geometry, the activated slip plane can be inferred as
( 1 1 1) with [0 1 1] being the tensile axis (Fig. 3-6c and 6d). Evidence of extended
deformation twin was not detected in BCD within the beam illuminated area which
suggests the deformation morphology includes multiple of nanotwins [39,86,134]
presumably having possible partial slips directions of [ 1 1 2 ] and [ 2 1 1 ].
Previously, the yield stress showed notable discrepancy between stress values
calculated from DIC measured force and lattice strain to stress conversion methods. By
comparing between Fig. 3-2a and Fig. 3-6a, excessive coating was formed during the
experiment. The layer likely originated from X-ray beam induced deposition (XBID) of
hydrocarbons [118] from the atmosphere or diffusion of organometallic material from the
Pt-EBID grips during the multiple-day experiment. This extra coating normally does not
act as significant load bearing when the thickness is small. However as confirmed by SEM,
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the volume fraction exceeds more than 90% of the whole tested volume. This significant
volume fraction of coating deposited during the test makes difficult to obtain yield strength
solely from the DIC measurements.

Figure 3-6 (a) Postmortem SEM micrograph of Au nanowire at 0° tilt view. (b) Angled view of
the tested Au nanowire at 24.5 ° tilt view. (c) Schematic drawing of possible slip system with side
view and (d) wire axis view. Possible slip plane ( 1 1 1) plane is highlighted with red.

70

Instead, we utilize the SEM measured coating thickness and the information from the
tensile lattice strain and cross-sectional area of the nanowire from the reconstruction to
evaluate the XBID coating property with the assumption of elastic loading of an isostrained composite. The estimated elastic modulus of the coating yielded 4.3 GPa which is
about 1 order of magnitude smaller than that of carbon deposition with a 12 kV electron
beam [135]. This suggests either the XBID forms weaker bonding strength than the e-beam
or the coating was elasto-plastically deforming during the test. With the elastic modulus of
the XBID coating we could recalculate the yield strength of the nanowire without using the
bulk Au elastic property. By subtracting the load bearing of the coating, the discrepancy
between the yield strength drops to 5% with the estimated nanowire strength of 1.61 GPa.
On the other hand, elasto-plastically deforming the XBID coating can augment the
explanation of the hysteresis observed in the strain and rotation during the actuation cycles.
The consequent relaxation of the XBID coating can undergo compressive stress upon
unloading, which can manifest as the observed hysteresis. Both residual lattice strain and
uneven behavior in angular movement were observed from the load-unload cycles. If the
coating undergoes relaxation after a loading step, then this considerable external layer
experiences compressive stress to reconfigure its structure upon unloading which may not
necessarily have to be the shape it had before. This phenomena can hold the nanowire in
tension for a while, and also inhibit the wire from returning to its initial bent configuration.
The key component of the stress evaluation was the reconstructed shape of the
nanowire. The diameter measured from SEM plan view is 109 nm which only contains 2D
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information. The area calculated from circular cross-sectional assumption is 7% larger than
the polygon area calculated from the reconstructed shape. This discrepancy is not large in
the current case but depending on the chosen plan view the error could have varied from
30% smaller to 70% larger for the relevant calculations. From this reason, in situ nanowire
tests in electron microscopes may suffer from obtaining accurate strength of the tested
volume, which also highlights a strength of BCD in situ tests.

3.5 Summary and Conclusion
The result presented in this chapter is the first successful combination of in situ tensile
testing of a single nanowire with BCD, and the following is the summarizes the key
findings.
•

In situ BCD tensile tested captures accurate tensile strain by directly obtaining the
lattice strain, and the tested Au nanowire yields at 1.6 GPa, reaching theoretical
strength regime.

•

Small amount of torsion can be present in a region bounded by two fixed ends of affixed
nanowires, which remains during tensile test.

•

Precise mapping of 3D reciprocal space of the sample including proper conversion
between different laboratory coordinate is a key prerequisite for in situ BCD tensile
test.
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This in situ technique provides the full trajectory of deformation of nanowire – strain,
bending, and torsion which are often concealed in other testing methods – during
mechanical loading. These additional deformations superpose with the tensile strain are of
particular importance for the studying fundamental deformation mechanism associated
with defect nucleation and the simulation of the experimental findings [78,136].
Realization of in situ BCD tensile test paves the way to in situ BCDI that would enable the
measurement of full 3D strain fields inside the loaded nanostructure with unprecedented
accuracy as well as imaging defects, thus providing access to a deeper understanding of
stress and defect nucleation.
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4 Influence of Internal Axial Planar Defects to Deformation
Behavior of Au and Pd Nanowires

Single crystalline defect-scarce nanowires (SCNWs) exhibit strength near their
theoretical limits (~µ/20) by requiring to nucleate dislocation to accommodate plasticity
[2,38,39,41]. When the diameter becomes smaller than 10 nm the elastic modulus of
SCNWs can be affected by the surface stress induced from the undercoordinated atoms
that reside on the surface [67–71], which can lead to a loading direction dependent
mechanical strength. The subsequent plastic deformation after the nucleation involves
partial dislocation activities leading to formation of intrinsic stacking faults, full slips, and
deformation twinnings [39,52,71,134], where the resultants can be influenced by the
surface conditions [39,137]. This uniqueness compared to their bulk counterparts are partly
ascribed by the small characteristic length scale, their outer diameters defined by the free
surface facets. The weakest link that determines the strength alters as the characteristic
length interacts with the defect density.
The characteristic length scale can be defined not only by the free surface but also by
internal planar boundaries (PBs). In fact, PBs are known to interact with mobile
dislocations [138–140]. Coherent twin boundaries were reported to act as barriers requiring
high stresses for dislocations to glide through, thus provide strengthening effect [141–145].
Nanomechanical tests on Au and Cu nano/micro pillars report the flow stress increases
with the presence of PBs [146–150]. For bottom-up grown nanowires, axial PBs
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significantly influences deformation behavior in five-fold twinned FCC nanowires
increasing elastic stiffness and the yield strength at the expense of the ductility compared
to the single crystalline nanowires [151,152]. The transition of the mechanical response
have been attributed to the residual stress to form such pentatwinned structure and pinning
effects of nucleated dislocations at the twin boundaries [153]. Combination of tensile test
and atomistic simulation on pentatwinned Ag nanowire showed reversible activity of
stacking fault decahedron during tensile load-unload cycle [154].
Compared to the complex pentatwinned nanowires, there are limited quantitative
mechanical tests on simple cases with less PBs. Roos et al. conducted in situ tensile tests
on Au nanowires with single axial twin boundary without force measurements [86]. In the
study, nucleated dislocation remained in the deformed nanowire suggesting the boundary
pinning the leading partials, which is contrasting to nucleated partial rapidly escaping in
single-crystal nanowires in tension. Presence of twin boundary changes the facet structure
of nanowire since the crystal orientation is altered across the boundary. Nevertheless, the
paper does not provide rigorous investigation on the characterization of the PB in Au
nanowires. The cross-sectional shape of a nanowire has been ascribed to be important for
its deformation behavior in atomistic simulations [143,155,156]; however, nanowire
geometry in simulations are mostly based on theoretical assumptions, thus experimental
inputs on facet geometry along with precise characterization of PBs are demanding.
In this chapter, PVD grown Au and Pd nanowires containing axial PBs are examined.
Multiple characterization methods were utilized to determine planar defects. Quantitative
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in situ tensile tests were performed to investigate effect of PBs to the mechanical response
of the nanowires.

4.1 Characterization of Planar Defects
PB containing Au and Pd nanowires were PVD grown <011> with the identical growth
procedure in 2.1. The nanowires with PB were individually harvested and mounted in
cantilevered geometry on a Cu TEM grid. In this way, the two-tower quantitative in situ
mechanical testing system introduced in 2.2.1 can be utilized. Moreover, the mounted
nanowires are easily transferrable between multiple characterization tools and readily
prepared for SEM and TEM observations both before and after tensile testing. A nominal
strain rate of 5×10-4 s-1 was applied during the tensile tests while simultaneous imaging
was performed in an SEM. The SEM images were used for digital image correlation to
determine the specimen tensile strain.
Multiple tools were utilized to characterize the internal structure of nanowires. Firstly,
EBSD was used for initial screening. Although EBSD is a convenient tool to characterize
crystal orientation, the conventional EBSD mode which collects backscattered electron
(BSE) signal from the surface is not suitable for nanowires due to the insufficient
interaction volume (See Fig. 1-3). Instead the small diameters of nanowires allow to utilize
transmission Kikuchi diffraction (TKD) pattern in SEM to determine crystallographic
orientation. For TKD acquisition, the acceleration voltage was maintained at 30 keV.
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Although 70° is known to yield best pattern quality for conventional reflection mode, there
are no standardized recipe for transmission EBSD, thus the incident beam angle to the
sample normal surface was adjusted from 90° to 70° to optimize the TKD pattern. The
misorientation angle across the boundary was measured with <110> common axis. The
acquisition time for the EBSD mapping was compensated accordingly with the sample
mechanical drift. TEM characterizations were performed with JEOL 2010F TEM/STEM
and FEI Titan 80-300 with the acceleration voltage of 200 keV. For TEM plan view, the
TEM grid was mounted to have nanowire axis to be aligned with the α-tilt of the
goniometer to efficiently find the desirable zone axis, <110>, to characterize coherent twin
boundaries. For cross-sectional views, FEI Helios 600 NanoLab was used for the lift-out.
Cross-section plane parallel and perpendicular to the wire axis was obtained to characterize
the internal PBs in nanowires. Nanobeam diffraction was attempted in JEOL 2010F;
however, maintaining sample (within sub 50 nm) at the beam positioned at the boundary
was extremely difficult during search for extinction condition. Laue microdiffraction was
performed at BM32, ESRF, to characterize PBs of Au nanowires. TEM grid holding the
nanowires was mounted on a freestanding geometry onto the goniometer holder to
minimize background signals from the surrounding materials. The beamline setups can be
found in Chapter 2.
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4.2 Planar Defects in Au Nanowires
Over 30 Au nanowires grown on W substrate were examined and found About 8% of
Au nanowires contained PBs. In Fig. 4-1, two different Au nanowires containing PBs are
presented. Fig. 4-1a shows dark field (DF) TEM micrograph of a Au nanowire including
multiple PBs. These PBs were found to be twin boundaries by analyzing the DP as
presented in Fig. 4-1b. The pattern at [10 1 ] zone axis shows distinct FCC twin pattern
where the angle measured between (111)t and (0-20)p is 15.8°, which matches with the
crystallographic relation of two twined grain with Σ3 boundary. Thus, the nanowire in Fig.
4-1a contains multiple of (1 1 1) twinned grains. Laue microdiffraction spot of 131 peak
of the same nanowire presents barcode-type peak which indicates presence of axial
stacking faults in the nanowire (Fig 4-1c). For an FCC single crystal, the coherent twin
boundary is identical to the stacking fault as described in Fig. 1-6. For further analysis,
another Au nanowire was analyzed by TEM cross-sectional view. The facet shown from
the SEM plan view is {111} facet. The nanowire was cut through the middle of the
nanowire along the growth axis with FIB and viewed from the side as shown in Fig 4-1d.
A clear evidence of planar defect was observed from <211> zone axis (Fig. 4-1e). High
resolution (HR) TEM image confirms that the nanowire contains nano-twinned segment
consist of several atomic layers. These analyses of two different Au nanowires suggest that
the PBs formed in Au nanowires are twin boundaries and most probably stable to have
multiple grains.
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Figure 4-1 (a) DF TEM image of multi-twinned Au nanowire. Parent and twin are marked with p
and t. (b) Diffraction pattern of (a) showing twin relation from [10 1 ] zone axis. (c) Multiple
streaks near Au 131 peak in Laue pattern of (a) showing presence of planar defects. (d) Au nanowire
on a Si trench for cross sectional view analysis. The TEM viewing direction is indicated with the
arrow, and the green box marks FIB lift out area. (e) DF TEM of nanowire in (d). (f) HR TEM
image of Au nanowire in (d) confirming existence of nanotwin. The top inset shows the blown up
of twinned area. Fourier transform of the image is shown in the bottom inset.
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To experimentally test the repeatability of the mechanical response, a 40 µm long
multi-twinned nanowire (MTNW) was harvested and separated into two segments, thereby
enabling two separate tensile experiments of specimens that share the identical twin
structure. This nanowire is the one that have been shown in Fig. 4-1a. As seen in Fig. 4-2a,
the two individually tested MTNWs yielded at 1.81 GPa and 1.84 GPa and showed similar
elastic and plastic behavior, demonstrating the repeatability of the mechanical response.
The strength increased about 80% compared to that of the pristine Au nanowires. Extended
plasticity maintained at a flow stress of approximately 1.8 GPa was observed in both
nanowires, with final failure occurring at total strains of approximately 5%. The
postmortem SEM images taken right after the fracture are shown in Fig. 4-2b and 4-2c,
which shows nominally straight deformed geometry meaning there were no significant
grain reorientation. It has been shown in multiple literatures that the grain reorientation is
evident as a result of one twin domain propagating along the wire length [39,51,52].
Although with the presence of good amount of ductility observed in the experimental stress
strain curve, deformation twin was not clearly seen in postmortem TEM micrographs
except for localized bend contours resulted from kink formation (Fig. 4-2d and 4-2e). The
fracture tip end showed flat morphology in a TEM plan view, but this may not be
necessarily true from a different viewing direction, which can still be a necking fracture
with a wedge shape geometry. Interestingly, multi-twinned structure nominally remains
unchanged after the tensile test where it seems the twin boundaries are immobile to tensile
stress along the nanowire. Twin boundaries in Au would not cause significant effects to
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the elastic stiffness due to their relatively low boundary energies; however, twin boundary
can raise nucleation stress with nanowires having rounded facets as predicted in circular
nanowires with twin boundaries [143].

Figure 4-2 (a) Engineering stress-strain curves comparing Au nanowires with and without planar
defects inside. The inset plot compares the yield strength of the pristine Au nanowires (N=25) and
nanowires with planar defects. Postmortem SEM micrographs of Au nanowires with planar
defects: (b) PB NW1 and (c) PB NW2, where the corresponding TEM micrographs are shown in
(d) and (f), respectively.

81

4.3 Planar Defects in Pd Nanowires
Relatively large portion of Pd nanowires contained PBs compared to the Au
nanowires. It has been reported that about 50% of Pd nanowires grown on Al2O3 can
contain axial stacking fault [38]. The authors statistically analyzed the strength distribution
between the pristine and defected Pd nanowires and concluded that the strength difference
is insignificant where the thermal uncertainty of the nucleation process was found to be the
dominant factor which encompasses the possible variation originating from the presence
of PBs. The mechanical responses of Pd nanowires with PBs are firstly summarized, and
then recently found new types of PBs are presented.
The compared mechanical response of pristine and defected Pd nanowires is presented
in Fig. 4-3a. The stress-strain curves of the two groups of the tensile tested Pd nanowires
are similar to each other by showing quasi-brittle fracture without notable plasticity. The
yield strength of nanowires with PB is within the strength distribution of the pristine
nanowires (N = 17) confirming that the presence of PB is insignificant to the strength
determination. However, the uncertainty may decrease as seen in the values since the PB
can localize the preferred dislocation nucleation site. Fig. 4-3b demonstrates a Pd nanowire
containing a PB before the tensile test. The DF TEM image shows typical fringe pattern of
stacking fault [57,157,158] and this PB remains after deforming the nanowire (Fig. 4-3c).
Fig. 4-3d shows another Pd nanowire containing PB also showing fringe pattern, and its
corresponding diffraction pattern shows split spots in {111} peaks indicating presence of
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stacking fault [159]. Likewise, the stacking fault remains after the deformation and most
of the plastic deformation seem to occur only at the fractured tip ends (Fig. 4-2e).

Figure 4-3 (a) Engineering stress-strain curves comparing Pd nanowires with and without planar
defects inside. The inset plot compares the yield strength of the pristine nanowires (N=17) Pd
nanowires nanowires with planar defects. DF TEM micrographs taken (b) before and (c) after the
deformation of PB NW1. (d) and (e) shows before after the deformation of PB NW2. Split spots
are observed in DP of PB nanowire 2 which is shown in the inset of (d) TEM micrographs: courtesy
of Dr. Mo-rigen He.
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Although presence of stacking faults was suggested for the PBs in Pd nanowires, the
exact invisible condition to determine the Burgers vector was not possible within the tilt
ranges. Instead, new types of PBs were found in addition to stacking faults and they are
presented here. Similar methods to the Au nanowires were used for Pd nanowires to
characterize the internal planar defects as can be seen in Fig. 4-4a where a nanowire was
mounted with Pt-EBID on a Cu grid in cantilevered geometry. The geometry allows to
investigate the internal structure with transmitted electron beam signals. Prior to TEM
analysis, Pd nanowires were prescreened by TKD mapping in a SEM (FEI Quanta) for high
through-put process. Fig. 4-4b shows a TKD map of the Pd nanowire in Fig. 4-4a showing
two separate grains divided by a boundary along the wire axis. The two grains share the
common axis which is the <011> growth axis; however, they are misoriented by more than
10° suggesting a low angle grain boundary. For Σ3 boundary 60° would be the
misorientation angle with <110> common axis. A TEM diffraction pattern of the nanowire
(Fig. 4-4c) shows satellite feature near the {202} peaks indicating planar defects cause
modulation of the basic structure [159]. DF TEM image in Fig 4-4d evidently shows a
planar defect along the nanowire which does not necessarily goes across the center of the
nanowire.
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Figure 4-4 (a) A Pd nanowire prepared in cantilevered geometry for electron microscope analysis.
(b) TKD mapping of the nanowire in (a). The inset shows the crystallographic orientation of two
grains. (c) <110> zone axis of TEM DP of the same nanowire. {202} peak (circled) shows satellite
features. (d) DF TEM image of circled area in (c). All the data shown in this figure is from the
identical Pd nanowire.

Besides having a single planar defect, additional variances of PB in Pd nanowires was
observed from TEM cross-sectional view from the growth direction. Pd nanowires were
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dry-scraped to a Cu substrate, and FIB lift-out was subsequently performed for three
nanowires in one site as seen in Fig. 4-5a. A nanowire with one variant of stacking fault
(Fig. 4-5b) was found which could be similar to the type explained earlier. However, the
TEM micrographs demonstrates that multiple variants are also possible in these nanowires
(Fig. 4-5c and 4-5d). The relative angles between each variant are 60°, agreeing with the
crystallography. Mechanical tests were not performed yet for Pd nanowires containing
these new types of PBs. Nonetheless, it is unlikely to significantly change the mechanical
behavior since these axial defects have zero Schmid factor for tension. In addition, the
nucleation stress in defect-scarce nanowires can be much higher that these boundaries may
not act as a strong barrier for dislocations to traverse through.
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Figure 4-5 (a) TEM lift-out region of 3 Pd nanowires grown from Al2O3 substrate. Pd nanowires
with (b) single, (c) double, and (d) triple variant of planar defects.

4.4 Summary and Conclusion
This chapter investigated presence of axial PBs in Au and Pd nanowires and
influence of PBs to the mechanical responses. Various defect characterization methods
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were performed bu electron beam diffraction and X-ray diffraction to gain insights on the
structure of PBs. Subsequentyl, quantitative in situ tensile tests were performed on the
nanowires containing PBs. Below summarizes the chapter.
•

Twin boundaries in Au nanowires increase strength while stacking faults in Pd
nanowires lead to insignificant influence to the strength values.

•

PBs in both systems reduce scatter of strength value, which suggests presence of
PBs can localize dislocation nucleation sites to decrease the stochastic nature of
nucleation event.

•

All the characterized axial PBs in Au nanowires were twin boundaries, and tend to
coexist with several sets within a nanowire.

•

Various PBs can exist in Pd nanowires: single to triple stacking faults within a
nanowire.

Multiple twin boundaries in Au nanowires can significantly change the facet
structure. Additional experimental investigation in combination with atomistic simulation
is demanding to fully describe the influence of PBs to the strength determination. The work
should include how the complex facet geometries induced by PBs influence the nucleation
stress of the first leading partial, interaction of nucleated leading partial with PBs, and
interplay with nucleation of trailing partials. For Pd nanowires, further examination is
needed to unequivocally characterize PBs in Pd nanowires to provide input geometry for
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atomistic simulations. This would require fully indexation of diffraction pattern followed
by finding the invisible condition of the PBs.
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5 Transition

of

Deformation

Phenomena

in

Defect-scarce

Nanowires by Controlling Energy Release Rate during the Yield

Defect-scarce nanowires feature unique material properties compared to their bulk
counterparts by showing superior transport properties and mechanical strengths [2,67,160–
162]. Among them, Pd nanowires are attractive material for novel applications not only
because of their high strength and corrosion resistance, but also for possible mitigations on
embrittlement issues during hydrogen loading cycles, which is the main drawback for bulk
Pd to be used as parts of hydrogen storage, filtration, or sensing systems [163–166]. In
addition, their simple quasi-1D geometry enables to perform uniaxial tensile tests. The
simple tensile stress often lead to explore the theoretical strength regime of Pd, observing
non-linear elasticity and enabling on exploring the origin of the dislocation nucleation
process [38,67].
Two distinctively different plastic deformation modes have been reported for
<011> oriented Pd nanowires of similar diameter range. One shows large load drop
following incipient plasticity with a subsequent flow regime at significantly low stress,
which is characterized by nucleation and propagation of a dominant twin along the entire
nanowire [52]. The other type shows quasi-brittle failure with highly localized plasticity at
the fracture tip ends [22,38]. The former experiment was conducted in a set-up with
relatively low lateral constraints and discretely stepped actuation while the latter was tested
in a MEMS device with continuous actuation and laterally fixed ends. Nevertheless, TEM
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observations of both types show evidence of {111}<11 2 > type partial dislocation
activities. This explains that the incipient yielding mechanism is common for the two and
hinges on nucleation of leading partial dislocations. These experimental results agree with
various atomistic simulations on uniaxial loading of FCC nanowires, which illustrate the
importance of the partial dislocation activities during the plastic deformation
[39,41,156,167,168]. This observation of two different types of plastic deformation in Pd
nanowires resembles the case for Au nanowires in tension where the two class of behaviors
are observed to be competing mechanisms [39], which appears to be experimentally
uncontrollable unless one can atomically modify surface roughness to systematically
specify the nucleation points in nanowires.
In parallel to understand the physical origin of the two deformation modes in Pd or
Au nanowires, evaluating influence of experimental set-ups for nano-tensile tests can be
equally important as nano-tensile testing methods lack globally agreed standardized
procedures in contrast to bulk mechanical testing methods. The main concern for the nanotensile test has been to obtain the valuable mechanical data itself due to the difficulty of
growing pristine samples and transferring them safely to tensile stages. A clear implication
for such external factor altering the plastic deformation can be found from a molecular
dynamic (MD) simulation where a notable difference of ductility was predicted by
conducting tensile tests of different length of Cu nanowires [167]. Therefore, how much
the experimental platform can play a deterministic role to the deformation behavior of the
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sample is worth investigating for better interpretation of the nanomechanical response of
materials.
Various factors influence deformation behavior in addition to the intrinsic properties.
An atomistic simulation on Au nanowires predicted different cross-sectional shape
influences the dislocation nucleation stress [156]. Loading direction also changes the
nucleation site due to the difference in Schmid factor. However, most interestingly, stored
elastic energy in the entire loading system seems to play significant role in deformation
phenomena which was evidently shown in a MD simulation on tensile test of a Cu nanowire
[167]. The study shows that the size of the sample act as a strain energy reservoir during
the loading, thus the energy release rate is a function of nanowire length resulting in shorter
nanowires to be more ductile than the longer nanowires. In reality, the testing platform is
never perfectly rigid, thus the other components besides the sample can store elastic energy
which floods into the sample during the incipient plasticity. This significance of stiffness
surrounding the sample is clearly compared in experiments on bulk metallic glass (BMG)
pillars demonstrating that the runaway process of the BMG pillar can be tuned by varying
the frame stiffness [169]. However, in many cases of nanomechanical tests, normally there
are no surrounding frame [2,21,105,110,170], and all the other compliance besides the
sample response originates from components that comprise the loading axis. As the
significance of the frame stiffness is proven for the compression of BMG pillars, the
nanomechanical test without a frame may conceal important aspects of onset of plasticity.
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This chapter presents an effective way of improving ductility of Pd nanowires by only
varying the frame stiffness of a tensile testing stage. The plasticity of Pd nanowires were
largely extended by adding additional nanowires in parallel. The added strut nanowires
control energy release rate during the yielding event. In addition, the method shows a
possibility of mitigating abrupt failure in defect-scarce nanowires enabling to
experimentally interpret initial dislocation activities after the first dislocation nucleation,
which may enable to describe predictions from atomistic simulations.

5.1 Experimental Set-up
<011> oriented defect-scarce Pd nanowires were grown on Al2O3 substrate by physical
vapor deposition under ultra-high vacuum conditions at 1473 K with molecular beam
epitaxy method, similar to the conditions reported in Ref. [2]. We used Kleindiek
nanomanipulation system to transfer individual wires from the growth substrate to a
Hysitron push-to-pull (PTP) device. Pt-based GIS combined with EBID served as a gluing
system for the transfer process. The details of the transferring process can be found in
Chapter 2. Quantitative in situ SEM mechanical testing was performed using a custombuilt nanomechanical testing platform consisted of a stiff linear piezoelectric actuator
(Physik Instrumente), a capacitive-based load cell (FemtoTools) mounted on a 6 degreeof-freedom positioner installed in a SEM [105,171]. Both load and displacement signals
were continuously recorded in 2 kHz time resolution. The sample-mounted PTP was
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attached on the actuator side, and the Si head of the load cell on the other side acted as a
punch which drives into the half-circle-shaped PTP head. Then the moving part which is
suspended by the four parallel springs ultimately apply tensile displacement on to the red
squared region in Fig. 5-1a by opening the gap where the samples are mounted. The PTP
stiffness which is coming from the four springs is subtracted from the raw load data to
obtain the load applied to the sample mounted across the gap. The four Au pads and SiNx
area are beneficial for coupled electrical measurements which we have not utilized for our
current work.
Our nanotensile set-up can be divided into three stiffness components. A stiffness of the
sample can be expressed as κS = E(A/l), where E is the elastic modulus parallel to the
loading axis, A is the cross-sectional area of the sample, and l is the length of the sample.
The four springs in PTP device is denoted as a frame stiffness which is measured by
compressing the PTP without any sample. Lastly all the other parts can be considered as
machine stiffness. In this study we placed additional nanowires to increase the frame
stiffness to evaluate the consequential deformation behavior of testing nanowires.
Total of 4 Pd nanowires were harvested for the experiment which were divided into two
groups: testing nanowires (NW1, NW2) and strut nanowires (NW3, NW4). Nanowires
with smaller diameter (127 nm and 125 nm) were used for the former and thicker nanowires
(178 nm and 235 nm) were used for the latter. The gap of the PTP used for the current work
was modified with FIB to have various gauge length as shown in Fig. 5-1b. The testing
nanowires (NW1 and NW2) were fixed at the smaller gauge lengths (4.8 µm and 3.6 µm
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inside the box with red dotted lines) and the strut nanowires were placed at longer gauge
length (8.2 µm inside the box with blue dotted lines). Fig. 5-1c shows the SEM field of
view for the in situ tensile tests. Pt-EBID dots were deposited on the testing nanowires and
the stage to measure strain along the tensile axis by DIC code. The gap opening
displacement was also measured by DIC to compensate the machine compliances. We
define five segments for each testing nanowires, starting from left to right, Seg1 to Seg5.
The segments are labeled with symbols which will be used throughout the following plots
for local strain analysis.
Four tensile tests were performed: full elastic load-unload cycle for T1, and gradually
increasing the maximum tensile displacements for T2, T3, and T4. During the in situ tensile
tests, SEM images were taken at a frame rate of 0.35 s-1. The input displacement from the
piezo sensor may include compliance of the loading system. These additional
displacements during the tests were removed by measuring the displacement of the gap
opening by DIC. The total stiffness during the tests were calculated by differentiating
polynomial fits to the load-displacement data.
The influence of gauge length during iso-displacement tensile test is inspected in Fig.
5-1d showing DIC measured 1D-average strain of the testing nanowires as a function of
the sequence of SEM images taken during the in situ tensile test. Each SEM image was
taken at every 2.85 seconds; therefore, the x-axis also represents the time. As intended,
NW2 is strained more than NW1 for a given displacement due to its shorter gauge length.
The strain ratio between the two nanowires matches with their gauge length ratio (~1.33).
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The elastic response of NW1 and NW2 can be inferred by the symmetric shape of the graph
and both nanowires returning to zero strain level.

Figure 5-1 (a) Configuration of the nanomechanical testing set-up in a SEM. Red marker at the
center indicates the grip area where sample can be mounted. (b) FIB modified grip area of the PTP
and mount configuration of the nanowires (c) Segments defined of NW1 and NW2 for local strain
measurements by DIC. (d) Load-displacement curve of the full elastic load-unload cycle (T1).
Local strain evolution during T1 as a function of image sequence for (e) NW1 and (f) NW2.
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5.2 Elastic Behavior and Incipient plasticity
The in situ tensile tests are examined in sequential order by examining the loaddisplacement (LD) response of the nanowire ensemble, local strain analyses of the two
testing nanowires, and postmortem SEM images for each test cycle. Fig. 5-2a shows the
LD response during T1. The overlapped load-unload curve demonstrates that the ensemble
remained fully elastic. By measuring the slope, the stiffness of the nanowire ensemble is
calculated to be ~850 N/m. Fig. 5-2b and 5-2c shows the local strain evolution of NW1 and
NW2 during T1 as a function of tensile displacements. Here, the definition for the segments
follows the convention in Fig. 5-1c where Seg1 is the far-left side and Seg5 is the far-right
side of the nanowires in the SEM images. The loading and the unloading strain for all the
segments of both NW1 and NW2 overlap each other proving that all the segments remained
elastic during T1 as previously seen in Fig. 5-1e and 1f. Local strain evolution of NW1 in
Fig. 5-2b demonstrates that Seg1 and Seg5 were strained up to 3.6%, about 1.5 times more
than the middle segments of the nanowire, which is possibly due to the rigid gripping effect
of the PT-EBID clamps. However, NW2 showed partly different straining behavior. As
seen in Fig. 5-2c, the right side was strained almost twice more than the left side where
Seg4 and Seg5 reached 4.1% and 5.2% elastic strain. This can be attributed to the different
morphology of the left grip which has additional deposition that delocalized towards the
nanowire caused relatively smooth grip. Nonetheless, in both testing nanowires, all the
segments exceeded well above 1% elastic strain under tension which is evidently different
from the elastic limit of the bulk. Notably, the local strain in Seg4 in NW2 which is not
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influenced by the gripping effect shows that the Pd nanowire can be elastic strained beyond
4% strain which agrees with a previous reported result on Pd nanowires in tension [67].
SEM micrographs taken after T1 (Fig. 5-2d) proves that all four nanowires undergone
reversible deformation.
The subsequent loading, T2, first starts as an elastic loading by following the initial
loading slope of the curve in T1 (compare guided lines in Fig. 5-2a and Fig 5-2e). Then a
sudden load drop (ΔF = 39.47 µN) was detected at 188 nm in displacement, which indicates
the stored elastic energy in the nanowire ensemble had been released either by yielding or
fracture. Notable decrease of stiffness was found in the LD curve after the load drop. As
shown in Fig. 5-2f, NW1 experienced similar straining behavior as in T1. Seg1and Seg5
was strained more than the middle segments. However, a displacement jump was detected
where the load drop occurred. Therefore, an event that caused the load drop also involved
sudden opening of the gauge section about 17 nm. Although our testing set-up is
displacement control, there are inevitable machine compliance involved during the
actuation which can be released during dissipation activity which is in our case permanent
deformation of the nanowires. Despite this sudden opening of the gap, there were no sign
of abrupt transition of strain profile but rather increased in similar rate as prior to the load
drop, which can be interpreted that NW1 remained elastic. Yet, NW2 is expected to yield
ahead of NW1 due to the shorter gauge length. Indeed, the first yielding event occurred on
NW2 during the displacement burst in T2. Fig. 5-2g demonstrates that the plastic
deformation of NW2 occurred on Seg4 and Seg5 with a distinct tensile strain jump. Note
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that these segments experienced larger elastic strain compared to the other part of the
nanowire at a given displacement in T1, thus probabilistically favorable to yield. The
measured local yield strains were 6.0% and 7.6% in Seg4 and Seg5, respectively. In
comparison, the maximum local strain of NW1 reaches 5.8% in Seg5 which is lower than
that detected in Seg4 in NW2. This local yield strain of NW2 portrays that Pd nanowires
exceed very high elastic limit which may seem unrealistic. However, when the yield strain
is presented as average strain over the whole NW2, the yield strain is calculated to be 4.8%
which is in agreement with the previously reported yield strain of defect-scarce Pd
nanowires [38]. In opposition to the strain jumps in Seg4 and Seg5, the other segments
(Seg1-3) showed strain drops indicating that these parts of the nanowire were elastically
relaxed during the yield. The SEM image taken at unloaded state after T2 (Fig. 5-2h) shows
that NW2 was indeed permanently deformed. Most importantly, unlike in single nanowire
test, the incipient plasticity of a Pd nanowire did not immediately result in brittle-like
failure when the strut nanowires were added. However, as a cost of preventing runaway
process, it was found that NW3 was also fractured during T2 as seen in the upper image of
Fig. 5-2d. The fractured moment of NW3 was not captured as the strut nanowires were not
imaged during the tensile test; however, the fact that there was only one load drop
associated with a detectable displacement jump during T2 suggests that NW3 fractured at
the same moment when NW2 yielded.
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Figure 5-2 (a) LD curve of T1. Local strain evolution during T1 as a function of displacement for
(b) NW1 and (c) NW2. (d) SEM micrograph of the nanowires taken after T1. The upper image
shows the strut nanowires and the lower image is the testing nanowires. (e) LD curve of T2. Local
strain evolution during T2 as a function of displacement for (f) NW1 and (g) NW2. (h) SEM
micrograph of the nanowires taken after T2.

5.3 Extended Plastic Deformation
Subsequent plastic deformation of the nanowires are explored following the similar
narrative as 6.2. Now T3 starts with remaining three nanowires (NW1, NW2, and NW4)
attached to the tensile stage. LD curve in Fig. 5-3a shows that the slope of the loading curve
had decreased to ~600 N/m for T3 by losing NW3. During the tensile loading of T3 two
load drops were detected at tensile displacement of 249 nm and 282 nm with ΔF of 8.82
µN and 54.03 µN, respectively. After the load drops in T3 the load stayed nominally
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constant except a subtle rise at the very end of the test due to possible work hardening
effect. For NW1, the local strain of all the segments linearly increased up to displacement
of 249 nm where sudden strain leaps were observed without any noticeable displacement
burst (Fig. 5-3b). Seg5 experienced a jump in tensile direction while the others were
retracted back. Similar to the explanation on the yielding of NW2 during T2, the yield of
NW1 occurred in Seg5 causing plastic relaxation while the other segments were elastically
relaxed. There was no displacement burst associated with this strain leaps suggesting that
the first load drop with small amount of ΔF was caused by the local yielding of NW1.
Shortly after the yield, a discontinuous displacement burst was detected at 282 nm where
the large load drop occurred. During this burst the local strain of Seg4 showed positive
jump which infers a secondary yielding event or abrupt propagation of plasticity from
previously yielded Seg5. Previously yielded Seg5 showed insignificant strain burst during
this displacement jump, suggesting the segment undergone work hardening to withstand
further plastic strain. Seg1-3 showed slight relaxation presumably in the elastic regime.
As opposed to NW1 which undergone its first and possible second yield in T3,
NW2 which was previously yielded in T2 continued to deform with stable plasticity during
T3 without forming necking. Fig. 5-3c shows that the Seg4 and Seg5 of NW2 where the
local yield was observed in T2 accommodates most of the strain during T3. The local
plastic strains in these two segments increase up to about 130 nm in displacement. Then
the slope decreases to maintain until the end of T3. Seg1 and Seg2 also linearly increases
but the strain level below 5% implies that they remain elastic. The oddest feature that we
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recognized in the strain evolution plot of NW2 is the compressive strain in Seg3. This nonintuitive phenomenon is in fact caused by the permanent deformation in previous cycle
leading to an initially bent state of the wire (See Fig. 5-2h) to start T3. Resetting the
displacement back to zero after T2 caused the second and third Pt-EBID markers that define
Seg3 (See Fig. 5-1c) to role with respect to the tensile axis during the buckling. The DIC
analysis calculates the pixel movements from the 2D images, thus creates an error when
there are any significant 3D movement is associated during the deformation. Apparently,
this effect is demonstrated in Seg3 during the first half part of T3. The wire gradually
straightens as the displacement increases and reaches the displacement of 150 nm where
Seg3 starts to increase. This implies that the point where this happens is when the markers
are aligned back to the original z-position (out of plane of the SEM image) along the
nanowire. If this displacement is set as zero strain for Seg3, the maximum strain of the
segment is calculated to be 4.8%, thus presumably still elastic. The point where NW2
straightens corresponds to the similar displacement where Seg4 and Seg5 change to the
lower slope. Therefore, the initially higher slope of Seg4 and Seg5 is cause of the
straightening effect and the nanowire itself may not have born loads during this period,
then, plasticized zone expands within these segments for further actuation of the tensile
stage while the other part of NW2 remains elastic. For the displacement jump in T3, NW2
showed no discrete strain leaps. The postmortem SEM image in Fig 5-3d shows that the
remaining strut nanowire (NW4) was fractured during T3. Therefore, the sudden
displacement burst in T3 with relatively large ΔF which is comparable to that of T2 could
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have been the consequence of the fracture of NW4. The lower SEM micrograph of Fig 53d evidently shows both the testing nanowires were plastically deformed during T3; NW1
being bent including a necking at Seg5, and NW2 is being more bent due to the additional
plastic deformation which can be compared from Fig. 5-2h. Note that the necking in NW1
happened while the displacement was held at the end of T3 after terminating the test. The
load signal was not acquired; nonetheless, this event was clearly captured in the SEM
movie (See Supplementary Materials). The outer layer in SEM image is hydrocarbon
contamination that builds up during the imaging, which is known to have minor
contribution for load bearing [38,41]. This event is ascribed to the stored elastic strain
energy being released by thermal uncertainty as a form of overcoming the energy barrier
to propagate locked dislocation in Seg5 to form the necking.
Finally, T4 starts actuation with two permanently deformed nanowires both in buckled
state where NW1 with a necking. The load does not increase until the displacement reaches
0.15 µm, then the stiffness rises to ~200 N/m (Fig. 5-3e). Then a plateau region starts at
around 0.3 µm of displacement followed by a large load drop (ΔF = 25.36 µN) at around
0.4 µm. The dropped load maintains its low level until the end of the test. DIC measured
strain versus gap opening displacement of NW1 (Fig. 5-3f) shows that most of the
straightening occurs at the middle segments (Seg2, Seg3, and Seg4). Full straightening
does not happen in NW1 as can be seen in the in situ video of T4, but it fractured at the
displacement of 0.35 µm. During this event the load signal was maintaining its plateau.
Understandably, the fracture was observed at the previously necked region where the local
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strain of Seg5 showed jump to the last points in Fig. 5-3f. The total ductility of NW1 is
calculated to be 7.5% which is largely different from the common brittle-like failure in
tensile test of individual defect-scarce nanowires. Fig. 5-3g illustrates that NW2 underwent
similar local strain evolution as in T3 since the initial bulked configuration is alike to each
other (compare Fig. 5-2h and 5-3d). Seg2, Seg4, and Seg5 linearly increases up to the point
where Seg3 turns from compressive to tensile strain with the same reason as in T3 of the
straightening process. The transitioning displacement matches with the moment when the
load response starts to pick-up in the LD curve (Fig. 5-3e) indicating that most of the load
is applied to NW2 in T4. Therefore, we see almost zero increase of load at the beginning
of the test (Fig. 5-2a) until the displacement of 152 nm where the testing nanowires is
taught. NW2 continued stable plastic deformation independent of the fracture of NW1. The
low values of local strain of Seg1 illustrates that the left part of the wire remained elastic
throughout whole tensile cycles (Fig.5-4).

Seg4 of NW2 experiences necking at

displacement of 0.4 µm which matches with the load drop in LD curve. A strain jump was
observed at Seg4 as a result of the necking. Due to this large localized relaxation at Seg4,
the other parts of NW2 elastically retracted which is shown in decrease of strain
measurements. Smooth neck down of Seg4 was observed for 12 frames of image clearly
showing ductile fracture in the Pd nanowires accommodating displacement of 82 nm which
is equivalent to the engineering strain of over 2.2%. The total elongation of NW2 exceeded
0.48 µm resulting in tensile ductility of 13%. This value is extremely high compared to that
of individually tested Pd nanowires in which their plastic deformation localize at the
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fractured tip ends resulting in effectively zero plastic strain. Note that Fig. 5-3h was taken
while the gap of the tensile stage was opened whereas the others were taken at the fully
unloaded state. In sum, both testing nanowires showed stable plasticity after the yielding
moment as well as extremely smooth neck-downed process to the fracture moment unlike
in single nanowire tensile tests [2,38,52].

Figure 5-3 (a) LD curve of T3. Local strain evolution during T3 as a function of displacement for
(b) NW1 and (c) NW2. (d) SEM micrograph of the nanowires taken after T3. (e) LD curve of T4.
Local strain evolution during T4 as a function of displacement for (f) NW1 and (g) NW2. (h) SEM
micrograph of the nanowires taken after T4.
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5.4 Energy Release Rate during Yielding and Postmortem Analysis
The tensile test on multiple Pd nanowires in iso-displacement condition induced
extremely ductile behavior for the nanowires mounted on the smaller gauge lengths (NW1
and NW2). In bulk metals, the plastic deformation itself induces strengthening by
dislocations multiplication and entanglements, which generally prevents a catastrophic
failure. However, for defect-scarce metallic nanowires and nano/micro pillars, it is not rare
to observe a runaway process after the first yielding event. It has been shown that Pd, Cu
nanowires and Mo nanopillars show abrupt failures upon uniaxial loadings in which their
macroscopic stress-strain curve resembles the brittle failure mode [2,35,38]. In such
material class, nucleation of dislocation is required to accommodate a strain beyond its
elastic limit. The first nucleated dislocation from the surface can rapidly sweep through
and escape the material on one crystallographic plane leaving an atomic step which
eventually act as a facile nucleation site for the next dislocation to nucleate with
significantly lower energy barrier. Therefore, the subsequent nucleation can occur
explosively in very localized fashion. Moreover, the fact that the dislocation nucleation
requires a high stress makes the material to be elastically strained more than several
percent, storing immense amount of strain energy to be released upon the dislocation
nucleation. Thus, many nanowires in tension show quasi-brittle failure with highly
localized plastic zone only at the fractured tip ends [2,38]. Interestingly, this mechanical
behavior is similar to that of bulk metallic glass where often shear band formation lead to
an uncontrollable failure [172,173]. In this section, we first asses the role of the strut
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nanowires (NW3 and NW4), then discuss on the ductile plastic behavior of the defectscarce Pd nanowires.
Propensity of runaway process is often seen in load-controlled mechanical tests where
any energy release accompanying softening mechanism lead to a displacement jump in
order to restore the force response. A well-known example would be a pop-in phenomena
in indentation studies. In principle, displacement-controlled tests should not experience
such phenomena. However, in reality, system also stores elastic energy while the load is
applied which can release the energy into the sample during softening events. Therefore,
the stiffer the machine the closer it can be an ideal displacement-control testing platform.
This approach may not be immediately achievable due to the nanomechanical testing
system requires compliant springs to hold actuating parts or forces-measuring components.
However, one possible way to improve the machine compliance issue can be adding a
frame parallel to the sample as has been shown in Ref. [169].
Similar to the BMG pillar compression the transition between abrupt failure and stable
plastic flow of defect-scarce Pd nanowires can be explained with the energy release rate
during the yielding event. In an 1D loading system with sample stiffness (κS), frame
stiffness (κF), and machine stiffness (κM), the total energy (U) at a displacement x is

Eq. 5-1

.

In terms of an energy criteria, the condition for a necking is
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Eq. 5-2

,

where G is the energy released during the plastic deformation and Gc is the resistance to
the necking,
We define ξ as an internal variable reflecting the progress of necking, for instance in defectscarce nanowires, it can be collective events including dislocation nucleation, sweeping
through and escaping the material. Several percent of elastic strain that these defect-scarce
nanowires can withstand in addition to extra elastic energy ready to be dumped to the
nucleation site from the other components of the system implies a single sweep of a
dislocation is insufficient to dissipate all these energies. Since there are effectively zero
obstacles in defect-scarce nanowire where the nucleation is the rate limiting factor, the
dislocation can easily glide and escape to create a surface step. Furthermore, the surface
step generated by the first dislocation nucleation has lower the nucleation barrier for the
dislocation nucleation, thus leading to a highly localized plasticity in the vicinity of the
first nucleation site. Thus, the yielding in Pd nanowires can be phenomenologically
considered as unstable and softening process. Then G can be expressed as

Eq. 5-3
where the last term is negative since the stiffness of the sample decreases as the necking
proceeds. Then evaluating Eq. 5-2 by differentiating respect to ξ yields
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Eq. 5-4
where primes are partial derivatives of ξ. The condition for unstable process of necking is
when Eq. 5-4 is positive. Note that first and second derivative of κs is negative and positive
due to the runaway process. Thus, larger κM + κF and smaller κs shift the plasticity to stable
regime by making the value in the parenthesis to smaller value. Since κM is fixed, by adding
parallel nanowires lead to increase in κF; therefore, we conclude that these strut nanowires
have effectively stiffened the testing platform which stabilized the plasticity of the testing
nanowires by mitigating the runaway process during the yielding moment.
As seen in Fig. 5-1a, the 4 springs that supports the moving part of the stage is our frame
stiffness which is measured to be 187 N/m by compressing the chip without samples. This
frame stiffness is smaller than typical stiffness of a single Pd nanowire. For instance, the
estimated stiffness of NW1, NW2, NW3, and NW4 are 417 N/m, 345 N/m, 398 N/m, and
694 N/m. Therefore, the current PTP stiffness may not be sufficient to prevent runaway
process for a Pd nanowire. However, as shown in our result, some of targeted nanowires
can undergo stable plasticity due to the other nanowire acting as a strut to increase the
frame stiffness. The actual stiffness that measured is about half of the estimated stiffness,
which can be attributed to slight misalignment in strut nanowires and compliance of PtEBID grips. Nonetheless, the most important parameter to be evaluated would be κF/κS for
NW1 where the value increases by 5.5 times with the nanowires added in parallel than that
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of bare PTP. We can conclude that at least the frame stiffness should exceed several times
of the sample stiffness to stabilize the plasticity.
Fig. 5-4 shows dark field (DF) TEM image of tensile tested Pd nanowires. In NW1 (Fig.
5-4a), plasticized zone covers most of the part along the wire as expected from the previous
strain analysis. The qualitative density of dislocation sparse out towards the grip area which
is characterized the image contrasts suggests that the plastic deformation indeed started
near Seg4 where it first yielded and propagated outwards. The inset shows diffraction
pattern taken from the upper part of the fractured nanowire. Sign of ring pattern and the
multiple sets of overlapped diffraction patterns indicate heavy plastic deformation during
the tensile test and possible grain reorientation induced by deformation twinning. NW2
also shows similar microstructure to NW1. The dislocation contrasts observed in Fig. 5-4b
are in agreement with the previous local strain analysis. For example, Seg2 was expected
to be remained elastic during the tensile tests, and indeed does not show evidence of
dislocation in TEM micrograph, but the other segments show dense dislocation contrasts
agreeing with the local strain analysis by DIC. The diffraction pattern from the inset for
NW2 also shows evidence of deformation twin. According to a tight-binding calculation,
Pd has high intrinsic and unstable stacking fault energy (107 mJ/m2 and 313 mJ/m2)
compared to other FCC metals such as Ag (18 mJ/m2 and 93 mJ/m2), Au (49 mJ/m2 and
110 mJ/m2), or Cu (64 mJ/m2 and 200 mJ/m2); however, Pd was predicted to have
comparable twinnability to that of Cu due to the ratio between the unstable stacking fault
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energy and the unstable twinning energy term [174]. The prediction had been observed
well in two separate work on tensile tests of Pd nanowires [38,175].
We first compare our plastic deformation with Ref. [38] since both studies shares the
identical growth method for the nanowires and the set-up for tensile tests. The fractured tip
ends seem to be similar to each other by showing ductile fracture morphology. However,
the overall ductility of the two are evidently different. Pd nanowire in Ref. [38] shows
undetectable plastic deformation from the stress-strain curve and the fracture moment
could not be captured with a frame rate of 20 s-1. In contrast, by adding multiple nanowire,
the ductility was enhanced to more than 10% and the full evolution including yielding to
fracture moments could be captured with a frame rate of 0.35 s-1. Yet, the ductility observed
is less than from that can be obtained by deformation twin dominant plasticity [175].
However, the Pd nanowires tested in the reference were grown by simple vapor transport
method whereas our nanowires were grown in ultrahigh vacuum system.
In both testing nanowires, dominant twin throughout the nanowire was not observed.
The deformation twin reorients the nanowire axis from <011> to <001> forming 45° kink
which induces lateral displacement. The first twin boundary to successfully propagate all
the way along the nanowire is only possible when the tensile stage grips have sufficient
lateral compliance. Thus, lateral constraints from PTP and the nanowires being relatively
short lead to combination of partial dislocations nucleating in multiple sites and rotation of
the crystal during tension instead of propagating a dominant twin plane, which causes
highly dislocations decorated microstructure as seen in Fig. 5-4. In addition, our unloading
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may have caused plastic bending that can add additional dislocation density. The difference
in cross-sectional shape may alter the nature twinning morphology. It has been predicted
by atomistic simulations that the shape changes the nucleation barrier for the {111}<11 2
> partial dislocation and the nucleation site [39,70,155,156]. The surface energy may also
play role forming whether spatially distributed nanotwins or a dominant twin. Pd nanowires
with rhombic cross-sectional shape has four {111} facets whereas Wulff-shape nanowires
have two additional {100} facets to minimize the total surface energy. Shape of the Pd
nanowires in this study is known to be the latter case [2,22] while the twin induced
superplasticity has been observed from the rhombic Pd nanowires Thus, interplay between
the lateral constraint and cross-sectional shape may induce different twinning morphology
in Pd nanowires in tension.
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Figure 5-4 Adjoined DF TEM micrographs of deformed testing nanowires: (a) NW1 and (b) NW2.
The DF TEM images are from the circled area of the insets. The Pt-EBID markers are shown as
bumps on the nanowires. DF TEM micrographs taken near the fractured tip end of strut nanowires:
(c) NW3 and (d) NW4.

5.5 Summary and Conclusion
This chapter demonstrated the significance energy release rate during yield to the
subsequent plastic behavior of defect-scarce nanowires. By increasing the frame stiffness,
a catastrophic fracture in Pd nanowires was prevented and could observed stable plasticity
in the absence of forming dominant deformation twins. The key findings are listed as
below.
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•

Without altering the deformation mechanism, previously observed brittle-like
fracture of defect-scarce Pd nanowires can undergo ductile failure by controlling
the energy release rate during the incipient plasticity

•

Full deformation behavior of defect-scarce nanowires can be shrouded by their
large energy release rate in the course of dislocation nucleation.

•

Tailoring the frame stiffness of a nanomechanical testing platform enables to
adjust window of experimentally observable mechanical responses.

The result proposes importance of frame/machine stiffness of nanomechanical tests. The
testing platform should perform for wide range of load and displacement limits, and in the
same time have effectively high machine stiffness not to bury the intrinsic mechanical
response of the sample. A set-up that can incorporate variable frame stiffness can act as a
tool to tailor dislocation density for a desirable purpose. Especially for Pd nanowires, the
tailored dislocation density can closely interact with hydrogen loading performance.
Ultimately, the possibility of observing the initial dislocation interactions may narrow the
gap between laboratory experiments and simulations of dislocation nucleation studies.
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6 Controlling Dislocation Nucleation-Mediated Plasticity via
Surface Modification

Portions of this chapter have been reproduced with permission of the Acta Materialia, Vol 166, 572-586
(Elsevier).

Crystalline nanowires are candidates for next generation building blocks in novel
devices due to their exceptional material properties [160–162,176–179]. Mechanical
robustness is often a requirement in many applications of nanowires given the extreme
conditions that these materials experience during device operation. These nanowire
systems often show a scarcity of defects owing to the bottom-up nature of synthesis, which
thereby require nucleation of fresh dislocation content in order to accommodate plastic
deformation [21,24,35]. In this mechanism regime, the theoretical strength can be achieved
[1,2,180–182]. At the same time, undercoordinated atoms at the copious surfaces of these
nanowires exhibit a different material response compared to those in the interior, and can
ultimately govern the collective properties [76,80,183–185]. These two distinctive features
lead to unique material behavior in nanowires; however, controlling their properties to
sufficiently predict and tailor the mechanical properties of such materials via control of the
dislocation nucleation process is still in its relative infancy.
In most bulk crystalline materials, the onset of plasticity relies on the glide of preexisting dislocations, which are statistically stored inside the material. Various classical
strengthening techniques were developed to impede this glide mechanism and thus tailor
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the material’s strength [3–5]. However, as the characteristic length of a material approaches
that of the intrinsic spatial distribution of pre-existing defects, the strength depends less on
defect motion and relies more on dislocation nucleation to accommodate plasticity
[23,127,186]. Size-dependent strengthening has drawn significant attention through
experimentation on confined volumes in various crystal structure types [21]. While, the
intrinsic size effect has to be interpreted carefully due to the role of modified material
surfaces from FIB specimen preparation [127,187,188], strong size effects are present
when some amount of dislocation content pre-exists in the material. On the other hand, a
weak size dependence in strength has been reported from mechanical testing of defect free
samples, fabricated either through a combination of directional solidification and selective
etching [36,187] or near equilibrium growth via ultra-high vacuum physical vapor
deposition approaches [2]. These nanowires evidently require the nucleation of
dislocations to undergo plastic deformation. However, dislocation nucleation is a thermally
activated process, meaning that the strength is highly temperature dependent [38,40–43].
As a consequence, material strength distributions measured at finite temperatures manifest
pronounced scatter due to the probabilistic nature of overcoming the nucleation barrier
[38]. These two facts lead to an important question; how can we profit from the ultra-high
strength of nucleation-controlled materials while managing the stochastic nature of
plasticity in this regime?
The surface is expected to play a dominant role in mediating dislocation nucleation in
defect-scarce nanostructures, where the large ratio of surface atoms to interior ones can be
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non-negligible [40,44–46,67]. For instance, near-surface layers influenced by the
undercoordinated atoms exhibit surface stresses that can influence the state of the bulk [67–
70]. This effect can be significant for critical dimensions below 10 nm, where counter
balancing bulk stresses have been calculated to reach as high as 1 GPa [71]. In addition to
its impact on elastic properties, the surface is directly related to the activation of dislocation
nucleation [72], whereby embryonic dislocation line length is reduced through the
heterogeneous nucleation process [71,73,74]. Existing continuum models including
contributions from dislocation line energy, stress dependent generalized stacking fault
energy (GSF), image stresses, and surface ledge formation energy, predict corners where
crystallographic facets meet to be the favorable nucleation site in nanowires under uniaxial
deformation [156]. Preferential nucleation at corners has also been predicted by chain-ofstates and free end nudged elastic band methods [41,71,156]. In most FCC nanowires,
Shockley partial dislocations are observed to nucleate from the surface as the incipient
process and subsequently sweep through the material, leaving a residual stable stacking
fault [39,86,189]. Despite the strong theoretical basis for the energetics of surface
nucleation, a comprehensive physical description of how the dislocation first nucleates
from the surface has not been fully addressed. Consequentially, robust strategies for
controlling the properties of such nucleation-controlled materials have yet to be realized.
Related studies on thermal activation parameters and nucleation strength have been
intensively carried out to glean insights on the nucleation event [41,43,74,77,84,85,190].
The activation energy and volume characterize the probabilistic nature of dislocation
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nucleation owing to thermal fluctuations when the applied stress is below the elastic limit
(the athermal strength). Modeling of indentation on single crystal Pt extracted an activation
energy of ~0.3 eV and an activation volume similar to ~1b3, where b is the Burgers vector,
which is consistent with a heterogeneous nucleation event. However, extracting the
activation parameters for free standing nanostructures has been mainly performed by
atomistic simulations, due to the experimental challenges in directly observing the
deformation mechanism or obtaining sufficient measurements for statistical analysis.
In simulations, the activation energy is often calculated by finding the maxima of the
minimum energy path from the initial to the final state at high strain rate (~108 s-1).
Subsequently, the laboratory scale nucleation strength is predicted through implementing
transition state theory (TST) [41,85,156,191,192]. Despite the accuracy of finding the
nucleation site and mechanisms, these results rely heavily on the applied atomic potentials
or the way the models find the energy pathways, and do not account for long range surface
diffusion activities, partly due to computational cost. However, it has been pointed out that
diffusion can compete with displacive mechanisms for plastic deformation of nano-scale
materials, even at room temperature [193]. In situ bending of ZnO nanowires in a TEM
showed anelastic recovery within several minutes owing to diffusional activity [44].
Moreover, the importance of surface diffusion is reported in several recent mechanical tests
on nano-scale materials. Qualitative observations from in situ TEM indentation on Ag
nanoparticles demonstrated liquid-like behavior in addition to pseudoelasticity [45].
Temperature dependent tensile tests on defect-scarce Pd nanowires have extracted an
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activation energy for dislocation nucleation comparable to the surface self-diffusion energy
barrier as well as an atomic level activation volume [38]. Surface diffusion activated by
dislocation slip promoting uniform plastic deformation was directly observed during in situ
TEM tensile testing of Ag nanowires [46]. A recent tensile test on Ag nanowire under 2
nm also showed liquid-drop-like behavior similar to the Ag nanoparticle indentation [194].
These results clearly demonstrate the interplay between surface diffusional activity and
dislocation nucleation as carriers of plastic flow. In particular, the latter two works reported
the strength of tensile tested nanowires to approach their ideal strength. Hence,
investigating means to control surface diffusion in nanomaterials may be a pathway for
tailoring and predicting strength at the upper limit.
This chapter presents a strategy for tailoring the nucleation-controlled strength in
metallic nanowires without compromising tensile ductility. Au nanowires were coated with
ultra-thin layers of Al2O3 via ALD to alter the surface-mediated nucleation process. The
coating layer is shown to impede surface diffusion, resulting in an increase of both the
dislocation nucleation activation energy and activation volume, thereby strengthening the
material while simultaneously reducing the scatter in the strength distribution.

6.1 Experimental Method
Single-crystalline <110> oriented Au nanowires were grown by physical vapor
deposition onto tungsten substrates using molecular beam epitaxy. The nanowires were
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grown in an ultrahigh vacuum chamber in near equilibrium conditions, which lead to high
purity crystals possessing atomically smooth and faceted surfaces, as described in Chapter
2. The grown wires were then divided into three groups for different surface coating
conditions: uncoated, 3 nm thick coating, and 10 nm thick coating. The Al2O3 coatings
were deposited using ALD. Bright field (BF) TEM images of uncoated and coated Au
nanowires are shown in Fig. 6-1a to 1d. During the ALD process, the substrate temperature
was maintained at 115 °C (388.15 K) with a chamber pressure of 12 Pa. Nitrogen was used
as the transport gas. Trimethylaluminum (TMA) and H2O were used as precursors: TMA
was pulsed for 60 ms and then purged from the chamber for 10 s, followed by a pulse of
water for 60 ms and purging for 10 s. The above process describes one cycle. Instead of
bubbling the precursors, a “direct draw” method was employed, where N2 flowed through
the lines, but not through the precursor bubbler, to carry the precursor. Nominal thicknesses
of 3 nm and 10 nm ALD coatings were achieved by 40 cycles and 200 cycles, respectively
(Fig. 6-1g); we use these nominal values throughout the article. ALD is expected to form
an amorphous – and thus isotropic– layer with negligible misfit strains, which was
confirmed by TEM in Fig. 6-1d and is in agreement with the literature [195,196].
Interdiffusion between the Au core and deposited Al2O3 was not observed.
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Figure 6-1 (a) BF TEM image of uncoated Au nanowire

(b) HR TEM image of uncoated Au

nanowire (c) BF TEM image of Au nanowire coated with ALD Al2O3 (d) HR TEM image of
coated Au nanowire (e) Schematic of coated nanowire with a Au nanowire diameter dcore and
coating thickness t (f) Au core diameter statistics (g) Coating thickness statistics for 3 nm (40
cycle ALD) and 10 nm (200 cycle ALD) target thickness.
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Quantitative in situ tensile tests in the SEM were conducted using two types of
tensile testing setups as described in Section 2.2.1. In cases where Pt-EBID markers could
be deposited on the nanowires and imaged during tensile testing, DIC was employed to
measure local strain. In other cases, the relative grip displacements were used to estimate
nominal strain, which could incorporate the effects of grip compliance. Unless otherwise
indicated, we refer to strain values as nominal ones. While both setups could be used for
room temperature tensile testing, the latter was used for temperature controlled tensile
testing [107]. Liquid nitrogen and a resistive proportional integral derivative (PID)
controlled heating block were used for temperature control inside the chamber. These
tensile tests were performed at nominal strain rates of 10-4 s-1 and below 10-2 Pa of vacuum.
We used a Kleindiek nanomanipulation system in a SEM to transfer individual
nanowires from the growth substrate to designated tensile stage setups, which are described
in Section 6.2.2. The in-plane orientation of the harvested nanowire with respect to the
tensile axis was adjusted by rotating the SEM stage that held the tensile setup. Finally, PtEBID was applied at the tensile grips to hold the sample in place. Often the nanowires were
intentionally mounted in a pre-buckled condition by pre-actuating the tensile stage to
eliminate pre-strain during the clamping process.
The cross-sectional shapes of several Au nanowires were determined by Bragg
coherent X-ray diffraction (BCD), following the procedure described in Section 2.3.2. The
three-dimensional intensity distribution in the vicinity of the Au 111 Bragg peak was
recorded by rocking the sample by +/- 1° (corresponding to Q = +/- 0.9 nm-1).
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Subsequently, the electron density of the examined nanowires was reconstructed from the
recorded 3D coherent diffraction patterns, thus representing the nanowire cross-sectional
shape [114].

6.2 Tensile Response of Coated Nanowires
The tensile behavior of the <011> Au nanowires with various surface treatments are
demonstrated by representative stress-strain curves in Fig. 6-2. The uncoated Au nanowires
provide the baseline response, which includes data from Ref. [197] obtained from
nanowires synthesized under identical growth conditions as those from the current study.
All stress-strain curves are characterized by a period of elastic loading, followed by a
transition to plastic deformation noted by relatively smooth flow behavior that extended
for several percent of strain. The absence of intermittent load drops in the flow regime is
consistent with previous reports on defect-scarce Au nanowires [47], where two categories
of plastic response were identified: (i) smooth transition from yield to flow and slip traces
that are spatially homogenous along the nanowire length, and (ii) large stress drops
following yield and localized plasticity associated with twin nucleation and growth
[39,51,86,197]. The stress-strain response of the 3 nm and 10 nm coated Au nanowires are
reminiscent of the former category, suggesting that plasticity distributes along the length
of the nanowire, consistent with our in situ observations in SEM. One of the curves for the
uncoated Au nanowires in Fig. 6-2 exhibits an initially low slope due to the nanowire being
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pulled taught from a pre-buckled condition; thus, these strain values are nominal ones. For
this particular curve, limited plasticity is observed.

Figure 6-2 (a) Representative engineering tensile stress-strain curves for each type of nanowire:
uncoated (including data from [197]) and coated with two different thicknesses. The load-bearing
of the coating was subtracted for the 10 nm coated nanowires. In cases where Pt-EBID markers
could be deposited on the nanowires and imaged during tensile testing, digital image correlation
was employed to measure local strain. In other cases, the relative grip displacements were used to
estimate nominal strain, which could incorporate the effects of grip compliance; thus, the strain
values are nominal ones. Representative SEM images of fractured nanowires for (b) uncoated, (c)
3 nm coated, and (d) 10 nm coated Au nanowires. Insets show higher magnification of fractured
ends.
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The presence of 3 nm ALD coatings appears to allow for the nanowires to maintain
their strength and some extent of plastic deformation relative to the uncoated nanowires.
The same is true for the 10 nm coatings once the influence of the thicker coating on load
bearing capability is subtracted and the intrinsic response of the Au core is plotted (as
shown later in Fig. 6-2 and the composite model described in Section 6.3). Taken as a
whole, the coated Au nanowires studied in the present work demonstrate high flow stress
following yield, and ultimately abrupt fracture without any noticeable softening. All
nanowires exhibited critical resolved yield stresses that ranged from 0.01µ to 0.04µ, where
µ is the shear modulus, consistent with estimates of the theoretical shear strength [79]. Fig.
6-2b - 2d show representative SEM micrographs of tensile fractured Au nanowires. We
observe very similar postmortem images between the three groups. The absence of a large
portion of a reoriented configuration of the nanowire suggests that any nucleated
deformation twins had not grown substantially along the nanowires. As a whole, these
deformation morphologies are consistent with the interpretation of our stress-strain curve
behavior where plastic hardening can prevent a dominant twin variant from propagating
along the wire, leading to a sudden stress drop. Close inspection of the fractured region
(inset of Fig. 6-2b - 2d) for all three nanowire types show localized ductile-like fracture.
Post-mortem TEM micrographs displayed evidence of plasticity that was distributed
spatially along the nanowires during testing (Fig. 6-3). Based on the stress-strain curves
presented in Fig. 6-2a, extended twins along the wire would not be expected, which was
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confirmed by the TEM micrographs. The uncoated nanowire (Fig. 6-3a) showed the
appearance of multiple nanotwins separated by slip traces which formed during tension.
The angle of the slip traces is consistent with {111} planes. Given the <011> Au nanowire
loading in tension, where the Schmid factor for the leading partial dislocation is larger
(0.471) than the trailing partial dislocation (0.236), as well as the short slip distances to
traverse the nanowire, a propensity for the formation of extended stacking faults exists,
whereby an atomic step is formed on the surface after this partial slip event [70,71,155].
This atomic step becomes a facile nucleation site for subsequent nucleation, which could
be an additional leading partial nucleated on an adjacent slip plane (twinning partial
dislocation) leading to the nucleation of a Σ{111}<10 1 > deformation twin [39,51,86].
Another pathway could an additional leading partial dislocation nucleated at a different
location; in all cases the incipient process is mediated by nucleation of partial dislocations.
Close inspection of these deformed segments suggests a local reorientation of the crystal,
as evidenced by nm-sized kinks on the surface owing to twin formation. A single variant
was activated, based on the consistent angle between the slip traces along the deformed
nanowire. For the 3 nm coated nanowire (Fig. 6-3b), we observed spatially distributed thin
parallel slip traces corresponding to a single slip system along the wire, with the same
projected slip trace angle as that found in the uncoated nanowire. Spatially extended
twinned segments were not observed, suggesting either many nanotwin domains consisting
of a few atomic planes, or extended stacking faults. The deformed 10 nm coated nanowire
in Fig. 6-3c shows that two slip systems were activated along the wire during its tensile
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test, both with slip trace angles identified as equally probable {111} planes. The slip traces
were found to overlap each other, which may have resulted in dislocation jogs at the
junctions. Apart from the fractured tip ends, the absence of distinct grain reorientation
indicates the formation of multiple nanotwins or extended stacking faults along the
nanowire like in the 3 nm coated nanowire. As a whole, all three Au nanowires formed
distinctive slip traces formed by a single equivalent variant that spatially distribute along
the wire length, contributing to stable and sustained plastic deformation. The deformation
mode in all three groups of <011> Au nanowires in tension resides in a category reported
in previous results [47], where multiple nanotwins are formed along the tensile tested Au
nanowires in contrast to the mode where one dominant twinned grain propagates all the
way through the nanowire. Therefore, we conclude that (i) the coating does not alter the
governing mechanism for incipient yielding based on surface nucleation of partial
dislocations, and (ii) that these observations are consistent with tensile behavior
demonstrating sustained plasticity after yielding and the suppression of immediate runaway
localization.
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Figure 6-3 BF TEM images of plastically deformed nanowires in all three sample configurations
showing observations of stacking faults from (a) an uncoated Au nanowire (b) an Au nanowire
with 3 nm thick Al2O3 coating, and (c) an Au nanowire with 10 nm Al2O3 coating. The scale bar is
common for all images.

Further examination of the slip traces in the 10 nm coated nanowires was performed,
as shown in Fig. 6-4a - 4c for imaging conditions along different zone axes. The red guide
lines on the nanowires delineate a slip trace in the 2D projection. Note that the same
nanowire is presented in Fig. 6-4a and 6-4b but with different viewing angles, whereas 4c
is a different nanowire. The slip traces are difficult to characterize when viewing along the
[100] zone axis, whereas it is possible to distinguish two systems or variants when viewing
along a [1 1 1] zone axis. Furthermore, the slip traces from [1 1 1] suggest that the
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nanowire has a truncated rhombic cross-sectional shape. From the [0 1 1] zone axis (Fig.
6-4c) the contrast of the slip trace becomes weak due to the edge-on view. The schematics
in Fig. 6-4d illustrate different views of the most probable {111} slip planes for partial
dislocation nucleation that can be activated when these nanowires are under tension along
the <01 1 > growth axis. We confirmed that the slip traces observed in each TEM zone
axis are consistent with the respective most probable crystallographic slip planes. Thus,
regardless of the coating thickness, the presence of slip traces as observed in postmortem
TEM (Fig. 6-3 and Fig. 6-4) suggests that partial dislocation mediated plasticity persists as
the dominant deformation response via the creation of stacking faults and nanotwins.
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Figure 6-4 Characterization of slip bands in 10 nm coated nanowires after tensile deformation,
viewed from the (a) <100> (b) <111> and (c) <110> zone axes. (d) Schematics of example
slip traces as viewed from each zone axis. An identical nanowire is shown for (a) and (b).
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The locally necked region of the fractured nanowires was examined in more detail as
shown in Fig. 6-5. The fractured ends of all 3 types of nanowires are cone-like in shape,
characteristic of a ductile response, which also supports the conclusion that the fracture
mechanism is independent of the presence of an Al2O3 coating. The dark field (DF) image
of the circled diffraction spot in the inset of Fig. 6-5c is shown in Fig. 6-5d. The distinct
reorientation of the fractured tip of the 10 nm coated nanowire indicates that deformation
twinning via coordinated partial dislocation nucleation on adjacent slip planes is still a key
mechanism underpinning plasticity in the coated nanowires.
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Figure 6-5 BF TEM images of fractured nanowire segments for (a) an uncoated Au nanowire, (b)
a 3 nm coated Au nanowire without twinned grains (c) a 10 nm coated Au nanowire. Insets show
the diffraction patterns. (d) DF TEM image obtained from the circled diffraction spot in the inset
of (c), showing crystallographic reorientation of fracture tip.
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6.3 Yield Strength of the Au Core
The measured strength of a pristine FCC nanowire is determined by nucleation of
the first partial dislocations from the surface as energetically preferred from a corner
[39,41,51,71], which is captured as the yield strength during tensile testing. In the case of
the uncoated Au nanowires, this strength can be calculated from the applied loads and the
measured wire diameters. However, as the thickness of the coating increases, the volume
fraction of the coating begins to contribute to load bearing on the composite system, which
must be decoupled to determine the intrinsic response of the Au nanowire. Here, we
calculate the Au core strength for coated nanowires in order to deconvolute composite and
surface modification effects. The approach to acquire Au core strength requires
assumptions to calculate the core strength. The first assumption is that the coating stays
elastic throughout the test until the nanowire yields. A study on ALD Al2O3 reported 2.1 ~
2.6% of yield strain which is comparable to the Au nanowire’s yield strain [198]. The
second assumption is that the elastic modulus of Au nanowire is eminently close to its bulk
value to calculate back the core strength from the composite strength. This can be valid at
least down to nanowires having diameter of 30 nm while our tested nanowires are well
above this limit [197].
The yield strain is used to determine the Au core strength. The first way is to
directly find the yield strain by depositing Pt-EBID fiducial markers directly onto the
nanowires to measure the strain with DIC. This method is presented in Fig. 6-6 with an
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example of a nanowire transferred to a MEMS-based tensile stage with 4 markers
deposited. Displacement between the 4 markers are used to calculate the strain along the
wire axis which is called wire strain. Other markers are used to track relative displacements
between load cell side and actuator side to measure the grip opening displacement thus we
call grip strain. These two types of strain are compared in Fig. 6-6b. The grip strain is larger
than the wire strain, and it has been reported that compliance of Pt-EBID grips can cause
more than 10 % of an error to the strain applied in the sample gauge part [106]. By using
the rule of mixture in isostrain composite model, the effective modulus of the composite
Eeff can be expressed with the following equation,

Eq. 6-1

where EAu is the elastic modulus of gold along <110> tensile direction (81 GPa) and 𝑉𝑓𝑐𝑜𝑟𝑒
is the volume fraction of the Au core from the whole coated structure. The volume fraction
can be calculated from the inner and outer diameter which are well distinguishable in
contrast difference in standard SEM. With this elastic property of the coating, yield strain
can be obtained from the yield strength of the coated nanowire with the 1-D stress strain
relation,
σy = Eeffεy .

Eq. 6-2

The directly measured nanowire yield strain by DIC gives the effective modulus,
Eeff, which is the elastic modulus of the entire composite from the elastic unloading portion
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of the stress-strain curves (see Fig. 6-6). From this measurement and using previously
measured elastic moduli of Au nanowires [197], the elastic modulus of the 10 nm thick
Al2O3 coating (Ecoat) deposited at 115°C was calculated to be 122 GPa. Also shown in Fig.
6-6b is the fit to a smaller portion of the unloading curve, which gives a value of Ecoat =102
GPa (albeit with a lower fit quality). While this range of values appears to be lower than
reported values of ALD Al2O3 (~180 GPa) for thicker coatings deposited at over 150°C in
thin film geometries and on non-metallic substrates [198–203], our measured values of
Ecoat are consistent with previous studies when factoring in the dependencies of the
deposition temperature and thickness on elastic modulus values of ALD Al2O3. Indeed,
lower Young’s moduli values in the range of approximately 125 to 150 GPa are reported
for growth temperatures below 150°C, which is ascribed to lower alumina density and
residual hydrogen content at lower deposition temperature [204]. In addition, thinner
coatings such as those employed in our study generally correlate with lower densities [76].
We thus utilize the value of Ecoat=122 GPa (corresponding to a more accurate fit in Fig. 66b) to deduce the yield strains obtained from an isostrain composite model for the
remainder of the nanowires and for subsequent analyses. This yield strain is then used to
calculate the yield strength of the Au core, assuming the elastic modulus of Au along <011>
(EAu). Surface stress effects are known to arise at small nanowire diameters, inducing
compressive axial stresses as high as 1 GPa for less than 10 nm in diameter. However, this
compressive stress quickly diminishes for nanowires with diameters such as ours (on the
order of 100 nm), which exhibit compressive stresses as low as approximately 10 MPa
135

[71]. Thus, we expect negligible surface stress effects, which also has been experimentally
shown in Ref. [197]. We also assume minor contributions from non-linear elasticity near
the yield point in our estimates. Insignificant load bearing was found through the analysis
for 3 nm coating.

Figure 6-6 (a) Au nanowire affixed with Pt-EBID on a stage for tensile testing. Multiple Pt-EBID
spot markers are placed on the stage and on the nanowire (marked by blue triangles) along the
gauge length for local strain measurements. (b) Engineering stress-strain curves for the wire in (a)
using two different strain measures. The wire strain corresponds to the local strain measured using
DIC of the four markers on the wire gauge in a), and the grip strain is measured from the grip
markers on the tensile stage. A fit to the unloading curve using the wire strain gives the Young’s
modulus of the composite core-shell structure, Eeff. Two fits to the unloading curves are shown:
one (green) to the initial portion of the unloading curve (giving Ecoat = 102 GPa with an R2 value of
0.73) and another (red) to a larger portion of the unloading curve (giving Ecoat = 122 GPa with an
R2 value of 0.96).

The corrected yield strengths of Au nanowire cores tested at room temperature as a
function of the measured nanowire effective diameter is shown in Fig. 6-7. For all three
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groups of nanowires, we see a large scatter in strength values at room temperature (ranging
from 0.9 to 2.1 GPa) and a weak size dependence, similar to measurements on defectscarce Pd nanowires [38]. Note that the scatter band of the strength data is beyond the
experimental uncertainty associated with the measurement. Details on these error
calculations can be found in [34], but the two largest experimental uncertainties originate
from the imaging resolution of diameter measurements (<10%) and the assumption of an
effective circular-cross sectional shape (between 10% and 21% depending on the azimuth
viewing angle). Other factors such as the cumulative errors from variable strain rates and
load-bearing of hydrocarbon-based contamination are calculated to be negligible [38,41].
Misalignment of the nanowire at the tensile stage is measured to be less than 3°, which
contributes less than 50 Pa of bending stress at the grip end. The notable result from Fig.
6-7 is that the overall scatter band of yield strengths remains large for the 3 nm coating
relative to the uncoated data, but decreases for the thicker 10 nm coating. This result is
insensitive to the choice of Ecoat obtained from our measurements to deduce core strengths
for the 10 nm nanowires, as demonstrated in the right panel of Fig. 6-7.
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Figure 6-7 Tensile yield strength as a function of Au nanowire diameter. The yield strength values
for the uncoated Au nanowires include data from both the current study and [197]. The values for
the 10 nm coated nanowires were corrected for the Au core to exclude load bearing of the coating.
The mean values and standard deviation for each group are represented in a box plot on the right
side. In the case of the 10 nm coated nanowires, we show values for two different Ecoat as labeled
on the figure and corresponding to the two fits to the unloading curves shown in Fig. 6-6. Given
the higher quality of the fit for Ecoat = 122 GPa, we employ these values of the Au core strength for
all subsequent analyses.

6.4 Room Temperature Strength Distribution
The key findings in previous sections can be summarized as follows: the ALD
Al2O3 coatings increase the mean yield strength without a noticeable decrease in ductility,
with partial dislocation nucleation-mediated plasticity of Au nanowires persisting as the
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governing deformation mechanisms irrespective of the presence of the coatings. These
results corroborate previously studied mechanisms on FCC nanowires; namely, corners are
the preferential nucleation site for partial dislocations, and the strength is determined by
the first partial dislocation nucleation event [39,41,71]. Moreover, our statistical results on
the strength of Au cores show a weak size dependence but a large scatter beyond the
experimental uncertainty in the room temperature strength distribution, suggesting a
thermally activated event governing the underlying deformation mechanism. Such a
thermally activated nucleation process is described by TST, which predicts the
probabilistic nucleation stress as a strong function of temperature and a weaker dependency
on the sample size [41]. One of the most striking results is that the presence of 10 nm
coatings serves to reduce the scatter band of yield strength measurements. In this section,
we discuss how the surface coatings serve to alter this thermal activation process by first
comparing the strength distribution of room temperature tensile tests. For the following
analysis, we adopt a model developed from TST to fit our experimental data and evaluate
thermal activation parameters.
TST describes dislocation nucleation as a kinetic pathway from an initial to a final energy
state in an energy landscape. The advancement passes through a minimum energy path by
overcoming an energy barrier with a characteristic activation energy to form a stable
dislocation loop [38,41,74,190]. While the athermal strength is then the theoretical elastic
limit of a material in the absence of thermal energy, dislocations can probabilistically
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nucleate below this limit with the aid of thermal fluctuations when tested at finite
temperature. At a given temperature and stress, the nucleation rate ν can be expressed as,

Eq. 6-3

where N is the number of equivalent nucleation sites, ν0 is the attempt frequency kb is the
Boltzmann constant, and ΔGact is the Gibbs free energy barrier to nucleate a dislocation.
The survival probability f of an elastically deforming nanowire can be defined as
[41,205],

.

Eq. 6-4

The survival probability f decreases and nucleation rate ν increases as the stress σ increases,
giving rise to a maximum similar to the peak in the black curve in Fig. 6-8. This can also
be expressed schematically as in Fig. 6-8.
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Figure 6-8. Graphical representation of Eq. 6-4.

In a constant strain rate test for most laboratory tensile experiments, the stress applied to
an elastically deformed nanowire is
.

Eq. 6-5

Therefore the Eq. 6-4 can be expressed as,

.

Eq. 6-6

The most probable nucleation stress is defined by the peak of this curve with,

Eq. 6-7
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Then substituting Eq. 6-3 and Eq. 6-5 into Eq. 6-6 and applying the condition in Eq. 6-7
yields

.

Eq. 6-8

The activation volume Ω measures the stress sensitivity of the nucleation barrier, Ω (σ, T)
= -∂G/∂σ│T. Furthermore, the dependence of ΔGact on stress and temperature can be
expressed as,

Eq. 6-9

where ΔUact is the energy barrier to nucleate a dislocation in the absence of external energy
input, Tm is a characteristic temperature, and σath is the athermal strength. The exponent α
is a stress dependent sensitivity factor, which is assumed to be 1 for constant activation
volume [38,77], whereas values for α other than unity were deduced based on MD
simulations of compression of Cu nanowires (α = 4.1) [41] and Mo nanoparticles (α = 1.46)
[84]. In a statistical analysis on Pd nanowires, both α = 1 and α = 4 were considered to
ascribe a stress dependency that appeared to vary with temperature [38]. While the
activation volume can be stress dependent, a linear dependence (α = 1) is chosen for
mathematical simplicity and a stress independent activation volume in order to compare
the influence of the coating on the activation parameters. An expression for the cumulative
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distribution function (CDF), F can be obtained from Eq. 6-8 and Eq. 6-9 as in Ref. [190],
yielding

.

Eq. 6-10

Subsequently, nonlinear regression was performed with Eq. 6-10 to the experimental
cumulative probability distributions of nanowire strengths to obtain the activation
parameters ΔUact, Ω, and Nν0. The Levenberg-Marquardt nonlinear least squares algorithm
was used for the fitting process with a maximum iteration number of 1500 and termination
tolerance of 10-8 for the residual sum of squares.
The room temperature nucleation strength data and corresponding fits to the
thermal activation model are overlaid in Fig. 6-9, shown as cumulative probability
distributions. The uncoated data fit well to the model with a slight deviation at the high
limit of the strength distribution. The ΔUact value we extract for the uncoated nanowires is
0.13 eV, which is significantly lower than the value predicted from atomistic simulations
(> 1 eV) [41,192]. The activation volume Ω deduced from the fit is 0.71b3, which compares
to 1~10b3 for heterogeneous nucleation reported from MD calculations [41]. We estimate
a pre-exponential factor (Nν0) of 0.3 s-1, which is clearly much lower than what would be
estimated from a single nucleation site (N=1) and with v0 as the Debye frequency, and
consistent with similar reports of discrepancies in attempt frequencies from other
experimental studies [38,190].
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Figure 6-9 Cumulative probability showing the room temperature yield strength distribution for
nanowires tested in tension in all three configurations. Overlaid is the fit (dotted lines) from Eq. 610 derived from TST to the experimentally measured yield strengths (symbols).

Notably, our results show that the influence of the ALD coating on the activation
parameters depends on the coating thickness. The strength distribution for the 3 nm coated
nanowires is slightly broader than that of the uncoated nanowires, which is accompanied
with a 4% decrease in ΔUact and a 44% decrease in Ω with respect to the activation
parameters for the uncoated nanowires. Interestingly, the strength values at the high end of
the distribution for the uncoated nanowires overlap with the 3 nm coated strength fit. In
contrast, the 10 nm data shows that the spread of the strength distribution markedly
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decreases, suggesting a strong influence of the coating on the nucleation event. Compared
to the uncoated nanowires, both ΔUact and Ω increase by 32% and 63% to values of 0.33
eV and 6.01b3, respectively, and the model is shown to fit the experimental data over the
entire stress range. The fitted results for the room temperature experiments on all nanowires
are summarized in Table 6-1.

Table 6-1 Activation parameters obtained from room temperature fitting of the room temperature
yield strength distributions
3

-1

Mean Yield Strength (GPa)

ΔUact (eV)

Ω (bp )

Nν0 (s )

Uncoated

1.098 ± 0.391

0.252

3.69

33.83

3 nm Coated

1.297 ± 0.484

0.242

2.07

49.30

10 nm Coated

1.496 ± 0.305

0.332

6.01

18.63

All three groups of nanowires showed values of ΔUact ranging from 0.25 to 0.33 eV.
These values are substantially smaller than the values predicted from atomistic simulations
for FCC crystals [41,43,156], and which are comparable to the values associated with
surface diffusional barriers [206]. As further evidence, the activation volumes that we
obtain are of the order of several bp3 (corresponding to about 1b3, where bp is the partial
Burgers vector of Au). Previous MD simulations report 1~10b3 for dislocation nucleation
on atomically flat surface [41]. It has been shown that surface ledges or terraces can be
stress amplifying sites, which may result in small activation volumes associated with the
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nucleation event [38]. The small activation energies and volumes that we measure imply a
large thermal uncertainty, leading to highly probabilistic nucleation strengths, in contrast
to the deterministic nature of bulk yield strengths (where Ω is 100~1000b3 in FCC crystals).
Strikingly, the 10 nm coating does serve to substantially narrow the nucleation distribution.
The change in Nν0 for different coating thickness is relatively large among the three
parameters; however, this amount of change is considered to be a higher order effect since
the nucleation stress is only influenced by orders of magnitude changes in Nν0 [41].

6.5 Temperature Dependent Strength of Coated Nanowires
Further analysis is conducted to investigate the small values of activation energy and
volume from the room temperature tests, which can be related to single atomic level
activity. The implication of atomic scale nucleation events combined with the fact that the
nanowires have high surface to volume ratio suggests the role of surface diffusion as the
most probable candidate for rate-limiting dislocation nucleation step at finite temperature.
Experimental evidence on Ag and Pd nanowires corroborate this finding that surface
diffusion plays a critical role in plastic deformation [38,46]. As explained previously,
dislocations nucleate with the aid of surrounding thermal energy; thus, the strength is
expected to be a strong function of temperature. To show further evidence, we investigated
the temperature dependent strength of 10 nm coated Au nanowires to elucidate how the
coating can affect dislocation nucleation. We performed low temperature tests (91 K ~ 171
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K) to quantify the temperature dependent nucleation strength distribution, which should
collapse in the athermal limit.
Fig. 6-10a shows representative stress strain curves of the 10 nm coated nanowires
tested at three different temperature (91 K, 171 K, and 295 K). We clearly see a strong
temperature dependence in the measured yield strength, although the shapes of the curves
remain self-similar among the different test temperatures. Eq. 6-10 can be rearranged to
express the temperature dependent behavior of strength as

.

Eq. 6-11

given temperature, which collapses to a deterministic value in the athermal limit (0 K). The dashed contour
lines represent the 5th (lower) and 95th (upper) percentile nucleation stresses.

Subsequently, Eq. 6-11 is fit to the temperature-controlled experimental strength
including the room temperature tests to obtain the athermal strength value (σath = ΔUact/Ω).
Here, we assume a stress-independent activation volume (α = 1), resulting in σath = 2.26
GPa, ΔUact= 0.39 eV and Ω= 1.16bp3. The resulting athermal strength value is comparable
with the value of 2.5 GPa estimated from atomistic simulations of a pristine Au nanowire
with a diameter of 100 nm [156]. This result suggests that the coating may not affect the
nucleation strength at 0 K where there is no thermal fluctuation, which is in line with our
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Figure 6-10 (a) Stress-strain curves for 10 nm coated Au nanowires tested at different temperatures.
(b) Measured yield (nucleation) stress overlaid on the probability density function model
predictions. Probability values P (σ, T) are normalized with respect to the maximum probability
Pmax (T) at each temperature; thus, each vertical slice represents the probability distribution at a

TEM observations showing a consistent deformation mechanism for uncoated and coated
nanowires (Fig. 6-3).

Fig. 6-10b shows the temperature dependent strength data along with the model
predictions of the probability distributions of dislocation nucleation. Vertical slices of the
contour map represent normalized probability distribution functions (PDFs) of the
nucleation stress at a given temperature, which are obtained from the derivative of the CDF
with respect to stress in Eq. 6-10, normalized by the maximum value. The lower and the
upper dotted lines represent 5th and 95th percentiles of the nucleation stress. For instance,
the most probable nucleation stress at room temperature (50th percentile at 295 K) for the
10 nm coated nanowire is 1.28 GPa (0.57σath). The PDF shows remarkable agreement with
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experimental data over the temperature range studied; indeed, the majority of the
experimental strength data fall within this probability envelope.
Next ΔGact = ΔUact – σcΩ – TΔSact is estimated, giving the finite temperature activation
free energy evaluated at the most probable nucleation stress (σc). As a first order estimate,
we assume negligible activation entropy to give ΔGact ≈ ΔHact = 0.17 eV. This value is less
than ⅓ of the bulk vacancy migration energy of 0.71 eV for Au [207] and less than half of
the vacancy migration energy at low index surfaces [208], which is well below the
simulated activation energy values for dislocation nucleation (over 1 eV) [71]. Similarly,
the activation Gibbs free energy calculated from temperature dependent tests on Pd
nanowires was reported to be much lower than the vacancy migration energy while being
comparable to the activation energy of surface self-diffusion on {111} surfaces, which are
the most dominant facet of our system [38]. Our tested Au nanowires have similar
geometries as the Pd nanowires where {111} is the prevalent facet with <110> as the
growth direction. In the case of Au, self-diffusion on {111} was calculated by embedded
atom methods using two different atomic potentials, giving barriers of 0.021 eV (Adams,
Foils, and Wolfer function) and 0.038 eV (Voter and Chen function) [206]. In the same
study, the surface self-diffusion on {100} surfaces were calculated to be 0.64 eV (Adams,
Foils, and Wolfer function) and 0.84 eV (Voter and Chen function), showing a very large
dependence on the surface crystallography.
The experimentally inferred values of ΔGact can be further refined by adopting a value
of ΔSact = 4.17kb based on values extracted from experiments on Pd nanowires. This is
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rationalized by assuming a similar partial dislocation nucleation process in FCC <110>
nanowires and similar faceting with {111} and {100} being the major and minor facets,
respectively. Furthermore, the non-linearity parameter of Pd and Au is shown to be
comparable, suggesting similar bond anharmonicity [67,209]. We thus estimate ΔGact =
0.063 eV for the 10 nm coated Au nanowires, which is of the order of the self-diffusion
activation energy on {111}. Thus, the small activation volume that we obtain, coupled with
low activation free energies implies that surface diffusional activity continues to be the
rate-limiting step to dislocation nucleation, even in the coated nanowires. Interestingly, the
values we obtain demonstrate that the 10 nm coating serves to increase the activation
barrier. In turn, diffusional activity is altered resulting in a higher strength at finite
temperatures and a reduction in the probabilistic nature of yielding, while preserving
ductility as shown in the previous sections.

6.6 Diffusion at Corners of Nanowires
The geometry and the crystallography of the nanowire has been shown in both
simulation and experiments to be important in determining its mechanical behavior [197].
The strength varies by having distinct nucleation sites and can be rationalized by the
dislocation line length difference arising from different cross-sectional shapes. For
instance, MD simulations of Cu nanowire demonstrated a reduction of 3.5 GPa of the yield
strength for square nanowires compared to circular ones [155].
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Up to this point, the analysis assumed crystallographic shape of the nanowires partly
confirmed by electron microscopy images. In simulation studies, particularly <110>
oriented nanowires, the cross-sectional shapes have been chosen to be square, circular,
rhombic, or truncated rhombic (quasi-hexagonal) [39,70,155,156]. However, in reality, the
shape of <110> oriented nanowires grown on identical substrates can deviate from a
truncated rhombic (hexagonal) to a rhombic shape (consisting of {111} facets only), to
even various ribbon shapes [22,51,86,197]. These experimentally observed shapes were
primarily informed by interpreting 2D images, or alternatively, viewing the shape from the
wire axis; however, the latter method requires destructive methods and may not provide
the full surface crystallography. On the other hand, BCD allows for determining both the
nanowire cross-section and crystalline orientation non-destructively and with a spatial
resolution of ~10 nm [64,116,126]. For the following section, we review possible surface
diffusion mechanisms that can occur on our experimentally determined geometry of the
nanowire by BCD. Two adjacent facets meet at an edge; however, we use the term corner
instead to describe the shape as seen from a cross-sectional view along the wire axis.
Two representative 2D slices of the Au 111 Bragg peaks are presented in Fig. 6-11a
and 11b. The streaks originate from the nanowire side facets and, thus the angles between
them illustrate the crystallographic orientation. Considering the fact that the amplitude of
coherently scattered X-ray is the Fourier transform of real space, the fringes define the size
of the coherently illuminated crystal. Among the five Au nanowires measured by BCD,
two of them showed six streaks in their BCD pattern (Fig. 6-11a). This six-fold symmetry
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translates into a quasi-hexagonal shape with four {111} and two {100} facets as
represented in the reconstructed cross-section presented in Fig. 6-11c. The BCD pattern of
the other four nanowires showed four streaks (Fig. 6-11b), which translates to a rhombic
shape with all four facets determined as {111} as seen in its reconstruction in Fig. 6-10d.
The minimum area ratio between the {111} and {100} facets was 3.47, confirming {111}
as the crystallographically dominant facet in our Au nanowires. By comparison, the
corresponding ratio for a sharp Wulff shaped truncated rhombus is calculated to be 6.20
using γ{100}/γ{111} [210]. The nanowires presented in this work thus deviate from the Wulff
construction by having rhombic or parallelogram shaped nanowires, but tend to agree with
the predictions assuming {111} as the prevalent facet. With one set of the {111} facets
growing prevalently, nanoribbons can ultimately form as illustrated in Fig. 6-11f. These
variances in shape are in agreement with other BCD results [64] and electron microscopy
observations [22,86,197].
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Figure 6-11 Representative 2D slices of the Au 111 Bragg peaks obtained from BCD two for
different nanowires, demonstrating (a) 6 streaks and (b) 4 streaks in the pattern. (c) – (d)
Reconstructed electron density maps of the nanowires with Bragg peak patterns of a) and (b),
respectively. (e) Reconstructed shape of a typical rhombic nanowire. All the figures share the same
orientation. (f) Schematic of possible cross-sectional shape of a nanowire derived from the
truncated rhombic geometry of <110> crystals.
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In this section, surface diffusional activities on the BCD-determined surface
crystallography are considered as the rate-limiting step for dislocation nucleation by
comparing the surface self-diffusion barrier (Ed) and our experimentally obtained ΔGact.
Although the activation energy for adatom jumps on {111} facets were comparable to our
activation Gibbs free energy for the 10 nm coated nanowires at the most probable
nucleation condition, further discussion is needed to consider adatom diffusion on a flat
surface as the direct cause for dislocation nucleation. Indeed, there are multiple surface
diffusion mechanisms including exchange mechanisms, and more combinations are
possible with atomic steps on a given surface [211,212]. Indeed, the Ehrlich-Schwoebel
(ES) barrier for Au {111} was reported to be the lowest among FCC crystals (Ni, Cu, Pd,
Ag, Pt) [212] indicating that Au {111} facets tend to flatten well. In fact, Au {111} surfaces
are reported to be stable enough to remain crystalline even up to TM [213]. However, the
corners of nanowires are never atomically sharp, thus making atomic steps necessary to
reconcile observations of rounded corners [86,197]. These atomic terraces can be a stress
concentration site as well as one must consider diffusion from one layer to another.
Several atomistic simulation studies reported that the first partial dislocation nucleates
at the most obtuse angle. For <110> rhombic Au nanowires in tension, atomistic
simulations predict obtuse corners as the preferential nucleation site [71,156]. Atomistic
simulations on <110> Wulff shaped Au nanowires report that the first leading partial
dislocation nucleates at a corner shared by {111} and {100} [39]. Thus, we presume that
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rate-limiting diffusional activity enabling dislocation nucleation occurs at the smoothest
transition corner, assuming the existence of {111} vicinal surfaces with {100} type ledges.
For such a Au surface with {111} terraces and {100} ledges, an activation energy of 0.316
eV was calculated by action-driven molecular dynamics (ADMD) for the parallel hopping
along the ledge [212]. An exchange mechanism is preferred over hopping for the vertical
movement across the step, which is predicted to be 0.694 eV and 0.293 eV for ascending
and descending, respectively. Thus, hopping vertically up may not be a preferred
mechanism, but rather the parallel hopping or an adatom descending across the step could
trigger the dislocation nucleation event. In addition to surface steps, the step itself can
contain kinks. Thus, rather than having straight terraces along the nanowire, the terraces
themselves can have discontinuities. Interestingly, hopping onto a kink shows a large
reduction of activation energy compared to barriers for straight steps. The activation energy
depends on the original position of the atom relative to the kink, with a minimum value of
0.056 eV. Thus, among various surface diffusion mechanisms, the precursor event for
dislocation nucleation involving either atom descending across a step or an atom attaching
to a kink is most consistent with our results. The ALD coating can kinetically hinder such
processes by dragging the adatom movements, thereby impeding the nucleation of a
dislocation.
Finally, we describe the role of the ALD coating in the corner of the modified nanowire
surface. Due to the difference in surface energies between {111} and {100}, selective
adsorption can occur in the initial cycles of ALD which can lead to non-conformal coatings.
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This phenomenon was observed in our study by measuring the thickness of the coating
with TEM along different zone axes (Fig. 6-3d). We have measured a 3 nm coated
nanowire with TEM and the average thickness of the coating on {100} and {111} facets
were 5.3 nm and 3.5 nm, respectively. The higher surface energy of {100} over {111}
allows for more facile Al2O3 capture. Irregular coatings with insufficient layer thickness or
even island formation can lead to stress concentrations, which may explain the lower ΔUact
and Ω of the 3 nm coated nanowires compared to uncoated nanowires. A non-monotonic
trend in the activation parameters as a function of coating thickness (See Table 6-1) can be
attributed to a non-conformal coating layer that arises from the physisorption process in
the initial stages of the ALD process. In principle, Au atoms and the molecules used during
the ALD process to form Al2O3 layers are unreactive, unlike with sulfur, where AuS is
formed that mobilizes the gold surface atoms [214]. Thus, physisorbtion is the most
probable means of adhesion between the two species by weak Van der Waals forces [215].
It has been reported that adhesion of Au {111} and {100} on {0001} sapphire substrates
are similarly poor, and even poorer for polycrystalline alumina substrates owing to low
heats of adhesion, suggesting the coating is physisorbed to Au nanowire surface [216,217].
Since physisorbtion forms weak interfaces, the schematic depiction of a self-terminating
ALD process is likely not fully accurate. In reality, a scenario between Volmer-Weber and
Stranski-Krastanov growth modes via formation of islands at low cycle numbers may occur
[215,218]. During the first 40 ALD cycles to target 3 nm thick coatings, these islands can
lead to a non-conformal coating layer, particularly on {111} facets as illustrated in Fig. 6156

12a. With such coating morphologies where the diffusional length is much smaller than the
island spacing (λ), the influence of the coating on surface diffusion on {111} predominant
facet may be insignificant. In contrast, after sufficient additional ALD cycles, the 10 nm
coating can become conformal (Fig. 6-12b), and thus is able to effectively retard surface
mobility.

Figure 6-12 Drawing of proposed surface configurations for the (a) 3 nm coating (40 cycle ALD)
where islands of the ALD coating lead to incomplete coverage on {111} facets, separated by a
distance λ that is larger than the expected diffusion length and (b) 10 nm coating (200 cycle ALD)
which exhibit more conformal coating layer. The surface affected zone (SAZ) is the near-surface
region of the Au core which is influenced by surface diffusional activity, and ultimately where
surface dislocation nucleation ensues.
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6.7 Number of Nucleation Sites and Attempt Frequencies
Our attempt frequency from the exponential prefactors (Nν0) with N = 1 is 11 orders
of magnitude lower than those associated with atomic vibrational frequencies (~1012 s-1),
and worthy of further discussion. Small numbers of equivalent nucleation sites (N) are
plausible within the weakest link framework, for example by having a highly susceptible
nucleation site like a specific kink configuration among along a step leaving with an
alternative explanation for the main attempt frequency as discussed in [190,219].
Whereas the attempt frequency for surface dislocation nucleation has been assumed to
be of the order of the Debye frequency in most MD simulations, experiments on Pd
nanowires in tension revealed that the attempt frequency can be much lower than the atomic
vibration frequency, which led to the proposal of a collective attempt mechanism for
surface nucleation [38]. In addition, recent in situ TEM experiments on nano-sized Ag
demonstrated copious surface diffusion accommodating large amounts of plasticity during
deformation, manifest as liquid-like pseudoelasticity in Ag nanoparticles and superelongation in room temperature tension of Ag nanowire [45,46]. In particular, the latter
work proposes facile healing of surface ledges created by dislocation slip via surface
diffusion. While the authors claim that surface diffusion is provided assistance from the
surface atomic step formed by the dislocation nucleation, we envisage this mechanism
occurring at pre-existing surface steps near corners that act as preferred nucleation sites.
Presumably, the existing surface steps can fluctuate along the nanowire by adatom
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diffusion until the formation of a spatially extended nucleation site large enough to host a
partial dislocation loop embryo, which can give much lower time scales for the attempt
frequency. The emerging hypothesis is that the collective action of individual surface
diffusion events serves as the rate-limiting step for the nucleation of a dislocation segment,
which is reflected in the measurements of the nucleation strength.
In addition to the possible collective action of dislocation embryonic loops, instability
of nanowire geometry itself may explain the low prefactors that we obtained for the
dislocation nucleation. This instability is observed in rod type geometries of both liquid
and solid known as Rayleigh instability in which a perturbation of the chemical potential
gradient is the driving force [220–222]. It has been reported that Cu nanowires with
diameter under 50 nm can undergo such instability at relatively low temperature (400°C).
Room temperature fragmentation of Ag nanobelt with initial width of 10 nm was reported.
In this case effective N would be unity as it applies to one nanowire system [223]. Similarly,
Au nanowires would have the driving for the instability. Fig. 6-13 shows surface evolution
of coated Au nanowires during TEM observations. The morphology resembles lifting of
Au {111} surface to herringbone reconstruction [214,224,225]. The evolution occurred
less than 10% only in TEM-observed coated nanowire, thus the insulating coating layer
could have caused temperature rise by the electron beam. Nonetheless, such reconstruction
was not observed in any tensile tested nanowires. However, both driving force for Rayleigh
instability and herringbone reconstruction can be caused by coble creep type diffusion,
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which triggers the dislocation nucleation. In this case, the attempt frequency can be
understood as an incubation time.

Figure 6-13 Evolution of surface morphology during TEM observation of 10 nm Al2O3 coated Au
nanowires.

6.8 Tailoring the Nucleation Strength in Defect-scarce Nanowires
The extracted activation energy for Au nanowires were much lower than the predicted
values from atomistic simulations (Section 6.4 and 6.5). Section 6.6 suggested that
interplay between surface diffusion and the shape of nanowires can describe possible
scenario of how the coating controls the dislocation nucleation rate by adhesion between
the coating and the core slowing down the surface diffusion which can trigger the
nucleation. Section 6.7 denotes instability condition or surface reconstruction that can
caused by diffusion. Therefore, to tailor strength of defect-scarce nanowires, two most
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important aspects should be considered: energetics and kinetics of the dislocation
nucleation (Fig. 6.14).

Figure 6-14 Representation of how the nucleation stress can be tailored with respect to energetics
and kinetics of the process. Energetics is more dominant in low temperature which determines the
mean stress whereas the kinetics dominate in high temperature which governs the scatter band. The
labels follow that of Fig. 6-10b.

Higher nucleation strength can be achieved by increasing the activation energy.
Classical nucleation theory describes the activation energy for a dislocation nucleation as

ΔGact = Uline+ EGSF + Eimg + Eledge – W

Eq. 6-12
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where Uline is the line tension energy, EGSF is the generalized stacking fault energy, Eimg
image energy, Eledge is the ledge formation energy, and W is the work done by the
dislocation slip. For a faceted nanowire, Uline and Eledge can be functions of the crosssectional shape (truncated rhombus to rhombus) and the corner roundness. Sharper corners
can cause stress concentration and as well as small activation energy, thus smooth
transition between two adjacent facets can increase the strength of a defect-scarce
nanowire. Atomistic simulation also predicts that cylindrical nanowire is stronger than
faceted nanowire [71].
For the kinetic approach, surface mobility is evidently critical for the dynamic healing
process underpinning slip-activated surface diffusion and ultimately superplasticity as
shown in Ag nanowires in tension [46]. In the reference, surface diffusion of Pt (which
has a higher Ed than Ag) was not sufficiently rapid enough to accommodate stable plasticity
and reside in a dislocation slip-dominated deformation mode. The study also proposed a
critical limit of the diameter (~70 nm for Ag and ~10 nm for Pt) to maintain the uniform
plasticity via diffusion aided healing process. The Ed of Au lies in between Pt and Ag
[211,212], thus the cross over point for the Au can be reasonably estimated to fall between
those two limits. Strong interfaces may make the core yield at even higher stress, yet
potentially lead to stochastic failure due to statistically distributed flaws in addition to
thermal fluctuations. On the other hand, relatively weak interfaces can dynamically heal
the surface, thereby narrowing the dislocation nucleation stress distribution owing to larger
activation volumes. Thus, the bonding at the interface should be optimized to sufficiently
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heighten the energy barrier of the rate-limiting step for dislocation nucleation while still
utilizing in-plane interfacial diffusion to dynamically heal either the pre-existing surface
flaws, or ledges formed as a result of previously nucleated dislocation. Raising Ed by
coating can also prevent the herringbone reconstruction which can
Lastly, to prevent possible Rayleigh instability being the strength determination factor,
the coating should have reasonable stiffness. Taken as a whole, these strategies could raise
strengths while simultaneously shifting to a more deterministic mechanical response
without compromising the ductility.

6.9 Summary and Conclusion
Chapter 3 compared strength distributions of surface modified Au nanowires measured
in tension to demonstrate that the strength determined by dislocation nucleation from the
surface can be tailored using ultrathin coatings. Thermal activation parameters were
extracted from the experimental strength data using a model developed from TST to
conclude that tailoring surface diffusional activity is the key factor in controlling surface
dislocation nucleation in these Au nanowires. The results of over 40 nanowires tested in
tension were used to draw the following conclusions:
•

The yield strength of PVD grown, defect-scarce <110> Au nanowires in tension
was measured to approach the theoretical strength (over 1 GPa), which is
substantially higher than its bulk single-crystalline counterpart and is ascribed to
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nucleation of partial dislocation from the surface. The distinctive slip traces from
the postmortem TEM micrographs indicate that partial dislocation events occur on
{111} planes, which agrees with previous simulations and measurements of <110>
Au nanowires. The strength distribution exhibits a weak size dependence in
agreement with the characteristics of a thermally activated nucleation event as
described by TST.
•

The yield strengths of the Au cores in coated nanowires remain high, and the
nucleation mechanism underlying incipient plasticity is consistent with that of the
uncoated nanowires. While the thinner coating causes subtle increases in the scatter
of the strength distribution, the thicker coatings show a pronounced narrowing of
the distribution with a shift toward high strength values. Sufficient coverage of the
coating can kinetically hinder surface mobility as evidenced by increases in both
the activation energy and the activation volume for dislocation nucleation.

•

The activation Gibbs free energy implies that surface diffusional activity is the ratelimiting step for the nucleation event at finite temperature. An athermal strength of
2.26 GPa was derived from temperature controlled tensile tests for 10 nm coated
Au nanowires, suggesting that the coating has minimal effect on the 0 K strength.

•

Tailoring the interfacial shear strength force between the core and the coating may
be the key optimization parameter for tailoring the ductility and strength in the
surface dislocation nucleation mediated regime.
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The work outlines a strategy for tailoring dislocation nucleation-controlled strength in
surface or interface-dominated nanostructures at the extreme upper limit of strength. This
approach appears to mitigate some of the primary obstacles facing the deployment of
nanostructures that lead to unreliable mechanical stability, including anelastic behavior or
stochastic failure.
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7 Conclusion

In the course of answering questions that have been posed at the beginning of the
introduction, (1) how defect-scarce materials accommodate deformation and (2) how the
strength and rate-limiting process can be experimentally elucidated, this dissertation
concludes that defect-scarce materials require nucleation of dislocations at their theoretical
strength limits, in which the nucleation rates are imposed by surface diffusional activities.
The experimental approach focused on performing quantitative in situ tensile tests on FCC
nanowires in electron microscopes, synchrotron beamlines, and cryogenic environments.
Realization of in situ BCD nanotensile tests demonstrates that coherent X-ray diffraction
imaging techniques are promising imaging tools for in situ nanomechanical tests to reveal
full deformation trajectory of volume probed areas. Mechanical performances of defectscarce nanowires were successfully tailored by controlling energy release rate during the
incipient plasticity event and applying ultra-thin coatings. The key findings of this
dissertation can be summarized as below.
•

In situ BCD tensile test captures full and accurate trajectory of deformation of
nanowire including strain, bending, and torsion by directly obtaining the volume
probed lattice information. Realization of in situ BCD tensile test paves the way to
in situ BCDI that would enable the measurement of full 3D strain fields inside a
nanostructure from retrieved phase information of diffracted intensity.
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•

Axial twin boundary in Au increases strength while axial stacking faults in Pd
nanowires show insignificant influence. The axial PBs in both systems reduces
scatter of strength distribution. All the characterized PBs in Au nanowires are
multiple twin boundary whereas various PBs can exist in Pd nanowires.

•

Without altering the deformation mechanism, previously observed brittle-like
fracture of defect-scarce Pd nanowires can be altered to undergo ductile failure by
controlling the energy release rate during the incipient plasticity. Tailoring the
frame stiffness of a nanomechanical testing platform enables to adjust window of
experimentally observable mechanical responses.

•

The yield strength of defect-scarce Au nanowires in tension was measured to
approach the theoretical strength. Surface coated by ultrathin Al2O3 show a
pronounced narrowing of the strength distribution with a shift toward high strength
values without altering plasticity mechanism. Sufficient coverage of the coating can
kinetically hinder surface mobility as evidenced by increases in both the activation
energy and the activation volume for dislocation nucleation.

The above findings are not exhaustive nor concise on answering the posed
questions, and obviously necessitate improvements in methodology and future works. The
remaining sections of this chapter propose the further efforts to be put in to further
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understand the governing mechanism of deformation behavior in defect-scarce materials
to profit from their superior mechanical properties.

7.1 in situ BCDI Nanomechanical Testing
Successful phase retrieval of 3D Bragg peak can deduce 3D internal strain field
which can reveal evolution of atomic-level strain during mechanical loading to understand
how nanomaterial deform in full spectrum. Chapter 4 presented the first realization of in
situ BCD tensile test on individual nanowire; however, there remain steps to complete the
‘Imaging’ towards BCDI. Here, the imaging means full reconstruction of both electron
density and phase information of a crystal illuminated by a coherent beam. Thus, beyond
having only the electron density, full phase retrieval is necessary to deduce 3D internal
strain field of a nano-object. This is highly demanding since internal strain field is
inhomogeneous due to the presence of surface, which is significantly influential to the
surface dislocation nucleation. As discussed in Chapter 4, the peak itself was distorted and
ascribed to bending and torsion within the beam-illuminated area of the tested Au nanowire
which evolves during the tensile displacement. This has been shown in Fig. 4-4 where the
Au 311 Bragg peak evolves both in shape and position. The image is also shown in Fig. 71a of integrated peak, which evidently shows elongated and distorted peak evolves as a
function of applied strain precluding to retrieve the phase information. Current phase
retrieval codes are very sensitive to small strain (10-12m level displacements are readily
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detectable) which inherently lead to unstable solution when there is a large background
lattice distortion. The results from in situ BCD test concludes elastic distortion is inevitable
when a nanowire is doubly clamped even with a careful manipulation. Naturally laid down
nanowires on a Si trench also exhibit such effect (Fig. 7-1b). Whenever a nanowire is fixed
on both ends display distorted 3D Bragg peak which leads to the phase retrieval to be
unreliable in currently used codes. This may be mitigated by incorporating background
distortion for the robust convergence. From a Laue microdiffraction, bending and torsion
of a nanowire can be fully characterized. Then this information can be used to perform
forward projection of an expected 3D Bragg peak of distorted nanowire, which can be fed
into the phase retrieval code to improve the reconstruction.
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Figure 7-1 (a) Qz sum of 311 Bragg peak in detector space recorded from a Au nanowire affixed
on a tensile stage. The peaks are highly distorted especially at the low strain levels. (b) 111 Bragg
peak of a Au nanowire lying on a silicon trench. The streaks are not discrete but includes strong
diffused scattering. Bottom inset shows the geometry of a dry-scraped Au nanowire which is
affixed with EBID carbon deposition.

The setup including optics and goniometer that had been used for in situ BCD is
identical to that of normal BCDI measurement. Thus, refining the experimental setup
would be beneficial as well as the improvement on the reconstruction side. The current
setup requires optical microscope image to measure displacement of actuation and load
cell. However, current procedure requires to swap objective of the optical microscope in
between the sample positioning and the tensile testing step due to the compensation
between the field of view and the acquirable resolution. To increase the efficiency and the
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accuracy of the test, the design of MEMS chip can be modified. As seen in Fig. 7-2, the
comb structures which are to track the actuator, load cell, and anchored point is placed
away from the sample area since the original purpose of them are to be imaged by optical
microscopes, and this is too far away from the sample to track simultaneously with X-ray
mapping. For the chips without deep reactive-ion etching (DRIE), crystalline markers can
be deposited at the actuator side grip, load cell side grip, and the substrate under the tensile
stage (Fig. 7-2a). For DRIE processed chip (Fig. 7-2b), redesign of the MEMS chip would
be required to have a suspended structure extending near the sample grip area to place a
reference markers. In these ways, the quick map function at ID01 which takes less than a
minute to create a Bragg peak map can track all three necessary displacements to deduce
highly accurate load and displacement as well as the rich information from the 3D Bragg
peak itself.
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Figure 7-2 (a) SEM image of non-DRIE nano-tensile stage. The region marked with the red arrow
is shown on the right inset, which shows an example of fiducial marker deposited in order to track
relative positions of actuator and load cell from a reference frame. (b) Optical microscope image
of DRIE processed nano-tensile stage which is capable of collecting transmitted signals. The region
marked with the red arrow is shown on the right inset, which has GaN wire affixed to the grip. For
this field of view, an additional structure is required to set a reference frame.
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7.2 Epoxy Manipulation
As introduced in Chapter 2 transferring individual nanowire from a growth
substrate to a designated position requires a gluing system. For current dissertation, the
primary method was EBID with combination of GIS in SEM. For micron scale sample, the
preciseness of EBID is sufficient, and the effect is insignificant for load bearing. However,
when it comes to the purpose of controlling the surface, the delocalized layer may be
influential. This section presents preliminary results of an alternative gluing system that
uses UV-curing epoxy.
Several tests have proved that UV-curing epoxy was able to be fully cured by
electron beam. For the harvest step, small volume of uncured epoxy is dropped near to the
growth substrate and a SEM chamber is pumped. Then a manipulator tip makes contact to
the epoxy drop to have smaller blob on the tip to use it for the subsequent harvesting. The
grip area of a tensile stage was modified with FIB to have trenches and reservoir as shown
in Fig. 7-3a. The reservoir is to hold uncured epoxy and a nanowire was placed on a trench
that is connected to the reservoir. The uncured epoxy can flow to the trench which can be
cured by electron beam after positioning the nanowire. A Pd nanowire affixed by epoxy is
shown in Fig. 7-3b. A comparison of the surface layer of Pd nanowires that were
manipulated on to a PTP using EBID and the epoxy demonstrates evident change. The
delocalization of EBID created almost 20 nm of unwanted coating layer (Fig. 7-3c)
whereas the epoxy manipulation showed layer thickness comparable to that of natural
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carbon contamination (Fig. 7-3d). The strength of the grip was tested in the two-tower
system quantitative in situ tensile test where one side was gripped with epoxy and the other
side with EBID. The fracture occurred on the EBID side, thus the strength of the epoxy
grip is sufficient to conduct a tensile test on defect-scarce nanowires. The fracture strength
was calculated to be 1.28 GPa thus, in the theoretical strength regime of Pd. Although the
epoxy manipulation is promising, orienting nanowires respect to the tensile stage axis was
more difficult than EBID manipulation. In addition, recipe for curing needs to be
established to become a part of standardized manipulation process.

174

Figure 7-3 (a) Tensile stage grip modified by FIB process for epoxy manipulation. Largely milled
square areas are used for epoxy reservoir and the trenches are to hold adequate amount of epoxy to
affix nanowires. (b) A Pd is affixed on a tensile stage grip with epoxy. (c) TEM micrograph of a
Pd nanowire manipulated on a tensile stage with EBID as a gluing system as described in Chapter
2. (d) TEM micrograph of a Pd nanowire manipulated on a tensile stage with epoxy. (e) A tensile
tested Pd nanowire of which the top and bottom was fixed with epoxy and Pt-EBID, respectively.
The fractured ends are shown in the inset where the fracture morphology is similar to that of purely
manipulated with Pt-EBID. (f) The force data of test in (e), and the corresponding fracture stress is
calculated to be 1.28GPa.
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7.3 High Throughput in situ Nanowire Tensile Tests
Investigating dislocation nucleation strength requires enough data to perform
statistical analysis since the nucleation kinetics are thermally activated process thus highly
probabilistic. Although the tensile test on individual nanowire provides most viable
strength data, it inherently lacks capability of gathering data in short amount of time due
to the manipulation process. In this case, nanoindentation is much advantageous as shown
in [REF]. Low temperature tests may require less statistics, nonetheless, additional steps
such as stabilizing temperature. This section proposes a possible way of expediting
manipulation by skipping some steps with a novel in situ mechanical tester. FT-NMT03
shown in Fig. 7-4a allows various in situ mechanical testing including indentation,
uniaxial-compression/tensile tests, shear tests, and fatigue tests, which can be combined
with electrical measurements. The geometry provides path to also collect transmitted
signals as well as the reflected signals. The left side Fig. 7-4 holds load cell which act as a
punch, and the right side can hold samples. The sample holder can be rotated in 2 ways
which ease orienting the sample to the tensile axis. A continuous piezo actuator drives the
entire sample holder. A proposed new way of efficient nanowire tensile tests relies on the
ability of rotational freedom of sample holder which can allow to perform tensile test
without transfer of a nanowire. As nanowires are generally not perpendicularly grown to
the growth substrates, firstly, each nanowire for tensile test can be aligned to the tensile
axis. Then the root of the nanowire is reinforced with EBID. In the next step, the load cell
is approached to the tip side of root-reinforced nanowire then the nanowire is affixed to the
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load cell ready to be pulled. This method can significantly reduce the time for the whole
test period in two ways. Straightforwardly, the manipulation time is saved by skipping time
consuming steps. Typical time for a skillful user to harvest and transfer a nanowire can
take several hours. Besides, reducing the steps also lessen sources of failure. For example,
common obstacles in harvesting stage is a manipulator tip becoming blunt and miscalculating height differences between the substrate and tensile stage, which risk losing the
harvested nanowires. Therefore, if the previous method could perform maximum of 2
tensile tests in a 8-hour-session (without counting increase of human error as the session
time extends), the proposed method in this section can allow twice more number of robust
tensile tests for a same session time, which can benefit to efficiently and reliably collect
large number of mechanical data for robust statistical analyses.
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Figure 7-4 (a) Photo of FT-NMT03 nanomechanical tester. A load cell is mounted on the 3-DOF
translation positioner and a sample is mounted on 2-DOF rotation positioner. (b) Schematic
drawing of FT-NMT03. The whole rotation positioner actuates with continuous piezo-motor for
mechanical tests. Sample mounted on the rotation positioner can be orient individual nanowires to
the tensile axis.
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7.4 Defect Characterization with Low kV Electron Beam
Nowadays, atomic level defect characterization is essential to explain nanoscale
plasticity, thus TEM is mostly used for the purpose, which is rather costly. Recently, defect
characterization using diffraction contrast from transmission signal in SEM (TSEM) was
highlighted [57], and quantitative in situ TSEM tensile tests have been performed on thin
film samples. The setup for the latter study consists of a solid-state scanning transmission
electron (STEM) detector and FT-NMT03 to correlate defect dynamics and individual load
drops in two different twin structures [226]. While the observation of defects with TSEM
requires electron transparent specimens similar to using conventional TEM, the large
chambers enables to perform various in situ experiments with comparably less initial
investigation as well as to explore large sample area. Fig. 7-5a and 5b demonstrate two
different diffraction conditions of fatigue tested Rene88. With the know crystallographic
orientation of the foil, the invisible condition (g·b) analyses can narrow down the possible
Burgers vector of dislocation shown only in Fig. 7-5b. The dislocations shown only in Fig.
7-5a (g = < 1 1 1>) can have Burgers vector of [101], [01 1 ], [211], [1 1 2], [12 1 ], and
in Fig. 7-5b (g = <1 1 3>), dislocations with <1 2 1> and < 2 1 1 > Burgers vectors can
be shown but not in Fig. 7-5a. All the others except for aforementioned and <110> can be
seen with strong contrast in both tilt conditions. Nevertheless, additional characterization
is necessary to find the exact Burgers vectors for each case, which requires position the
sample to a different zone axis. This was difficult purely using the 6-DOF positioner
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introduced in Chapter 2. A goniometer system that recently developed (Fig. 7-5c) allows
full kinematic motions for large range of rotation (>180° in all direction), which enables to
perform full tilt series analysis to determine Burgers vector of dislocations without
remounting the sample, thus gains higher precession in low kV electron beam condition.
There exist promising avenue using this goniometer when MEMS tensile stage is mounted.

Figure 7-5 (a) TSEM image of a fatigue tested René88 taken at a condition with weak dislocation
contrasts. (b) TSEM image taken at a condition with strong dislocation contrast. (c) SmarGun
system which has 3-DOF translation and 3-DOF rotational movements to perform tilt-series in
TSEM mode. Additional sample rotation is implemented.
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